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Abstract
TWinning Induced Plasticity (TWIP) steels are single phase austenitic alloys that successfully
combine the properties of high strength and ductility. Thus, TWIP steels are an ideal candidate
material for applications where the absorption of energy is required, such as armour or auto-
motive crash safety systems. The TWIP effect arises due to the formation of thin lenticular
deformation twins during straining. These twins act as strong barriers to dislocation movement.
This results in a dynamic grain refinement process, leading to an increasing work hardening
capacity and superior ductility. This thesis presents work carried out to develop our under-
standing of the mechanical properties and the micromechanics of twinning in a TWIP steel
during deformation.
In-situ X-ray synchrotron diffraction loading experiments were conducted to investigate the
evolution of deformation texture, lattice strain and peak width during deformation at quasi -
static strain rates. The lattice strain evolution indicated that twinning occurs very early during
deformation and remarkably initiates before the macroscopic yield point. In addition, the in-
situ experimental observations were modelled successfully using an elasto-plastic self consistent
(EPSC) model.
The armour capabilities of the material was investigated using Hopkinson pressure bar and blast
testing. The characteristics of twinning were found to be dependent on the strain rate. Fewer
active twin systems were observed at high strain rates (i.e. >1000 s−1) while the twins were
relatively thicker compared to those observed at lower strain rates.
TWIP steels have not obtained widespread use particularly in the automotive sector due to their
relatively low yield stress compared to alternative advanced high strength steels. Cold rolling
and annealing was performed on the as-received TWIP steel to explore alloy strengthening using
a grain refinement mechanism. The influence of initial grain size on twinning was investigated
and a critical twin stress of 50 MPa at the single crystal limit was determined.
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Chapter 1
Introduction
Carbon is one of the most effective and cheapest alloying elements for strengthening iron and
the addition of it is sufficient to form a steel [1]. However, steel is a generic term which covers a
large range of complex alloys. Steels represent an important group of alloys which are certainly
the most widely used metallic materials in common use. This is primarily because they can be
produced relatively inexpensively in large quantities and to precise specifications. The alloys
exhibit a diverse range of mechanical properties from moderate strength and excellent ductility
to ultra-high strength steels with satisfactory ductility. Nonetheless there is an ongoing pursuit
amongst materials scientists to develop new steel grades with ever more complex microstruc-
tures in order to enhance mechanical properties. This has been driven predominantly by the
automotive industry where the objective is to produce lighter, safer and more environmentally
friendly vehicles. These demands have led to the development of a new group of advanced high
strength steels (AHSS), which utilise multiple phases coexisting in complex microstructures or
a change in microstructure during deformation i.e. phase transformations or mechanical twin-
ning, in addition to slip to enhance strength and ductility. This has also allowed the potential
applications of these steels to diversify beyond the automotive market to areas including armour
protection systems. This dissertation aims to further the understanding of the micromechanics
of twinning and microstructure evolution of a twinning induced plasticity (TWIP) steel during
deformation for potential armour applications.
1
2 Chapter 1. Introduction
1.1 Automotive Armour Systems
Since the beginning of armed conflict, armour has played an important role in the protection of
personnel and equipment. Metals have been the defining armour material for more than 2000
years and steels are the material of choice for most of the world’s armed forces. Since the earliest
tanks of World War I metals have also been the primary armour material for combat vehicles.
Similar to personnel armour, vehicle armour must encompass the requirement to protect against
small-caliber projectiles and fragments. In addition, vehicle armour must provide protection
against a whole host of other threats. These include include medium and large caliber ballistic
threats such as Improvised Explosive Devices (IEDs), shape charge munitions and chemical
energy munitions.
The design of automotive armour systems generally depends on the size of the vehicle, the
specific threats to be encountered and the weight of the armour the vehicle can accommodate
without hindering operational capabilities. Armour plates of hardened steel have been used for
many years to protect military vehicles. Two types of armour steel plates are conventionally
utilised at the present time; (i) a high hardness armour steel which is extremely hard and capable
of preventing projectile penetration and (ii) rolled homogeneous armour (RHA) which is softer,
but more ductile to prevent brittle fracture. The requirement for cost effective fabrication and
the advent of increasingly complex vehicle configurations has made RHA the principal material
utilised for heavy combat and recovery vehicles since World War II.
Currently, passive vehicle protection is generally composed of an arrangement of material layers
which all serve a specific purpose in the overall protection schedule and can be retrofitted
to a vehicle, Figure 1.1(a). These systems serve more functions than just protection against
projectiles. Vehicle armour design is less constrained by plate thickness therefore a ‘spaced
armour’ design can be applied, where a thin armour plate is separated from the main armour
system. This achieves the goal of breaking up or disrupting a projectile, thus allowing the main
armour to stop the threat more readily.
Traditionally RHA plate structures are the candidate material for enhanced blast protection [2].
Tremendous effort has been made recently to investigate whether all-metal sandwich plates com-
prised of the same alloy are more effective against blasts compared to monolithic plates [2]. The
addition of a sandwich core structure between these plates has also be examined, Figure 1.1(b).
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The metallic alloys used primarily for blast protection are fashioned from steels which are re-
quired to be relatively ductile. Thus the candidate materials for RHA need to absorb the energy
associated with projectile impacts, ballistic damage and crush situations, which occur at ex-
tremely high strain rates in a fail safe manner. This has led to the development of superior
AHSS steels with enhanced strength and ductility.
Armour Plate
Vehicle Hull
Spall Liner
Composite
Ceramic
Elastomer
Composite
Metal
Glass/Composite
Low-velocity impact
Ballistic protection / 
structural integrity
Signiture management
Fire / smoke / toxity protection
(a)
(b)
Figure 1.1: Schematic representation of vehicle armour; (a) armour made of many layers of materials
each with a specific overall function. Ballistic protection is provided primarily by the ceramic tile,
composite backing and metal plate and (b) RHA sandwich structure utilised for enhanced blast protection.
Figure adapted from [2].
1.2 Advanced High Strength Steels (AHSS)
The steel industry has continuously been developing new advanced high strength steels (AHSS),
which typically exhibit tensile strengths greater than 550 MPa. These steels are termed ‘ad-
vanced’ since they offer the properties of higher strength, good formability and often good
energy absorption. The superior combination of strength and ductility of AHSS is derived
through the control of microstructure. This has led to the development of an array of alloys
including; (i) dual phase (DP) steels which combine a microstructure of ferrite and martensite,
(ii) complex phase (CP) steels which exhibit a very fine ferritic microstructure along with a large
volume fraction of hard phases i.e. martensite and bainite, (iii) martensitic (Mart) steels, which
have a fully martensitic microstructure and (iv) Transformation Induced Plasticity (TRIP) and
Twinning Induced Plasticity (TWIP) steels which enhance strength and ductility via a phase
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transformation from retained austenite to martensite or simple mechanical twinning during de-
formation. Alloying additions of one or more elements such as manganese, aluminium, silicon,
chromium and molybdenum are necessary to derive the required microstructures found in AHSS.
Generally, an increase in the tensile strength of a steel is accompanied by a reduction in the
ductility. Consequently, a plot of the tensile strength against elongation of most steels results
in the alloys lying on a 1x type hyperbolic line, Figure 1.2. Here we see that the majority of
steels are either strong but not very ductile or they are ductile but relatively weak. However,
two types of steel show an exception to this trend, namely, TRIP and TWIP steels. TRIP
steels have a higher hardening rate compared to TWIP, therefore deformability in TRIP is more
quickly exhausted. However, TWIP steels have a greater reserve ductility resulting in a better
capability for energy absorption.
The exceptionally good combination of strength and ductility in TWIP steels is derived from the
formation of mechanical twins during deformation. These twins consequently act as obstacles
against dislocation slip, which results in a high work hardening rate being maintained, allowing
greater strength and ductility to be obtained. Figure 1.2 has been populated with some current
AHSS which are used for RHA. Here we can see that TWIP steels offer a significant improvement
in elongation compared to traditional candidate armour materials.
1.3 Motivation and Aims
The challenge for armour developers is twofold, where it must be ensured that (i) the protective
system can be rapidly designed, manufactured and be optimised against specific threats while
(ii) ensuring that the system can meet strict criteria such as weight and cost. Historically this
has been achieved through the development of new materials or the improvement of existing ma-
terials. The requirement for quickly identifying new candidate materials and ensuring they can
be manufactured reliably and cost effectively is important. Furthermore, a good understanding
of the mechanisms occurring within these materials during deformation is critical.
The aim of this research is to enhance our understanding of the deformation behaviour in a
TWIP steel and to assess the materials capability for vehicle armour applications. Firstly,
a fundamental grasp of the micromechanics of twinning and microstructure evolution during
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Figure 1.2: Comparison of strength and elongation properties of TWIP steels and other high strength
steels.
deformation at low strain rates is necessary. This will enable the materials’ response to high
strain rate deformation to be investigated, while developing an understanding regarding the
suitability of the material for armour. This also allows the strain rate sensitivity of the material
to be examined. Finally, alloy optimisation will be investigated with the goal of improving
the mechanical properties of the steel along with developing an understanding of the effect of
microstructure on deformation twinning.
1.4 Thesis Structure
This thesis is divided into six main chapters. A literature review is presented in Chapter two,
where a survey of the published research relating to the topics studied in Chapters three to five
is provided. Chapter six provides a conclusion on the work conducted along with suggestions
for further work.
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Chapter three describes in-situ X-ray synchrotron diffraction investigations performed at the
European Synchrotron Radiation Facility (ESRF) on a TWIP steel at a quasi -static strain rate.
X-ray synchrotron diffraction allows a direct insight into the micromechanics of the alloy during
deformation in addition to texture evolution. An elasto-plastic self consistent (EPSC) model is
also employed to simulate the experimental observations and augment the results.
Chapter four is a study of the high strain rate behaviour of the material. The suitability of the
alloy for armour applications is investigated using Hopkinson bar and blast testing. The effect
of high strain rate testing on the microstructure of the material is investigated using a range
of microscopy techniques. The observations are compared to the material response during low
strain rate deformation.
Cold rolling and recrystallisation investigations for alloy strengthening via grain refinement is
presented in Chapter five. The effect of initial grain size on the twin initiation stress and twin
thickness is also investigated in this chapter. A critical twin stress at the single crystal limit is
also predicted.
Chapter six summarises the main findings from this research along with suggestions for further
work which may be beneficial in addition to the work conducted.
1.5 Publications
Each experimental chapter represents a completed research paper which will be submitted to
leading journals.
1. Rahman KM, Jones NG and Dye D. Micromechanics of Twinning in a TWIP Steel. To
be submitted to Acta Materialia.
2. Rahman KM, Vorontsov VA and Dye D. The Dynamic Behaviour of a Twinning Induced
Plasticity Steel. Submitted to Materials Science and Engineering: A, May 2013.
3. Rahman KM, Vorontsov VA and Dye D. The Effect of Grain Size on the Twin Initiation
Stress in a TWIP Steel. To be submitted to Acta Materialia.
Chapter 2
Literature Review
2.1 Introduction
TWinning Induced Plasticity (TWIP) steels are the modern successors to Hadfield steels which
were discovered by Sir Robert Hadfield in 1888 [3]. Hadfield steels were highly alloyed with
manganese (11–15 wt. %) and carbon (0.8–1.25 wt. %). Researchers first observed an excellent
work hardening ability in these steels in the 1950s and using X-ray diffraction confirmed that
this occurred in the absence of a phase transformation. The observation of planar defects using
visible light microscopy suggested the occurrence of mechanical twinning. This was formally
confirmed using transmission electron microscopy in the late 1960s [4].
Renewed interest in developing new variants of Hadfield steels with greater quantities of man-
ganese and less carbon arose when Re´my [5] observed substancial dislocation pile ups at twin
boundaries. Re´my suggested that the twins act as obstacles to dislocation glide. This initiated
tremendous research in developing new compositions of steel which could exhibit profuse twin-
ning at ambient temperatures. The added involvement of large European steel makers in the
1990s led to development of new processing techniques and alloy chemistries. This resulted in
the development of the current generation of TWIP steels.
TWIP Steels are characterised by their fully austenitic microstructure, in addition to their
high strength and superior formability. These alloys can be designed to have a tensile strength
in excess of 800 MPa while combining this with a maximum elongation of up to 95 % [6–8].
The explanation for this good combination of strength and ductility has been attributed to a
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dynamic strain ageing (DSA) mechanism in addition to the existence of deformation mechanisms
supplementary to slip. Although TWIP steels can exhibit tremendous mechanical properties,
careful consideration must be taken in the design of the alloy. This is because the proceeding
deformation mechanism is affected by the microstructure and inherent thermodynamic properties
such as stacking fault energy, which in turn is influenced by the alloy chemistry. Consequently, a
thorough understanding of the fundamental material properties which give rise to the beneficial
macroscopic properties is required.
2.2 The Metallurgy of TWIP Steels
2.2.1 Thermodynamic Properties
Low alloyed steels generally have a ferritic microstructure or are composed of different phases
which develop as a consequence of the heat treatments the material is subjected to. The addition
of certain elements permits the development of a stable austenitic phase at room temperature.
Nickel and chromium are notable additions in the case of austenitic stainless steels. In the
case of Fe-Mn-C TWIP steels, manganese is alloyed to stabilise the austenite. Various other
elements are also added to stabilise and strengthen the austenite matrix through solid solution
strengthening.
The iron-manganese (Fe-Mn) equilibrium phase diagram was modified by Witusiewicz et al. in
2004 [9], Figure 2.1. Here it can be seen that on the iron rich side of the phase diagram, the
binary system appears to be relatively simple consisting of an open γ-loop. However, in real-
ity, a range of microstructures can be obtained in alloys containing 5–25 wt. % Mn in practical
non-equilibrium conditions. Therefore, the metastable Fe-Mn phase diagram reveals the fur-
ther information needed to explain the microstructures observed under normal non-equilibrium
conditions, Figure 2.2(a). It is now apparent that the microstructure, in addition to being com-
posed of the face centred cubic (f.c.c.) γ austenite matrix, is dominated by the presence of a
body centred tetragonal (b.c.t.) α’ martensite phase at low manganese contents, i.e. <10 wt. %
Mn. Manganese contents greater than 20 wt. % however favours the formation of a hexagonal
close packed (h.c.p.) ε martensite phase, while an intermediate manganese content (∼15 wt. %)
promotes the formation of both martensite variants. Both α’ and ε matensite can also form from
the retained austenite phase via stress induced transformations. Thus, approximately 27 wt. %
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manganese is required to obtain a metastable austenite phase at room temperature in the Fe-Mn
binary system.
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Figure 2.1: Iron-manganese (Fe-Mn) system phase diagram. Adapted from [9].
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Figure 2.2: (a) Metastable Fe-Mn phase diagram, (b) iron rich corner of the Fe-Mn-C equilibrium phase
diagram at 700 ◦C where the austenite stability range is highlighted in grey and (c) superposition of the
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To achieve the stable room temperature austenite phase, which is characteristic of TWIP steels,
while also maintaining a manganese content less than 27 wt. %, it is imperative to suppress
the formation of α’ and ε martensite. This is achieved by the addition of carbon to the alloy,
Figure 2.2(b&c). Carbon additions of ∼0.6 wt. % is sufficient to obtain a uniform carbide free
austenite microstructure while avoiding the formation of martensite [11]. An alternative ap-
proach to acquiring a stable fully austenitic microstructure is to use higher manganese contents
while avoiding carbon additions. In this case, silicon and aluminium are added in lieu of the
carbon. However, careful consideration is required regarding the effect of alloying additions on
the stacking fault energy.
2.2.2 Planar Faults in Fe-Mn-C Steels
The Thompson reference tetrahedron [12] provides a simple method for discussing dislocations
in f.c.c. lattices and their potentially complex reactions. Therefore, it has been selected as the
preferred notation system for this work, Figure 2.3. The tetrahedron consists of four atoms
at its vertices, namely, A, B, C and D. The atoms define three non-coplanar primitive vectors
which also define the lattice. Each greek letter marks the mid point between three given atoms
that define a close packed {111}-type plane. Consequently, any two latin letters (e.g. AB) give
the Burgers vector of a perfect dislocation, while a combination of a latin and greek letter (e.g.
Aδ) defines a partial dislocation.
A B
C
D
DD
αβ
γ
δ
AB = a/2 [110]
AC = a/2 [011]
BC = a/2 [101]
BA = a/2 [110]
CA = a/2 [011]
CB = a/2 [101]
Aδ = a/6 [121]
Bδ = a/6 [211]
Cδ = a/6 [112]
δA = a/6 [121]
δB = a/6 [211]
δC = a/6 [112]
Figure 2.3: Unfolded net of the Thompson tetrahedron. Triangles ABC, ACD, BCD and ABD represent
the (111), (11¯1¯), (1¯11¯) and (1¯1¯1) planes respectively.
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Stacking Faults
Since there is no saturation of the covalent bonding states in a metal, the number of nearest
neighbours an atom can have is restricted almost entirely by the geometry [1]. As a result,
atoms in metals tend to be packed together like close-packed spheres. The unsaturated metallic
bond is also responsible for allowing some metals to accept small atoms such as carbon into
the interstitial spaces between the atoms. This is of tremendous practical importance in steels.
Although not all metals adhere exactly to a close-packed nature, it is still useful to consider
the close packing of these spheres. Figure 2.4(a) represents a fully close-packed plane, here the
spheres (henceforth referred to as atoms) lie in three sets of close-packed lines. These lines are
physically equivalent and symmetrically orientated to one another. There are now two different
fully close-packed crystal structures i.e. face centred cubic (f.c.c.) and hexagonal close-packed
(h.c.p.) which can be formed by stacking a number of these close-packed planes in a certain
stacking sequence.
In the f.c.c. and h.c.p. structures the atoms are held together by attractive forces, while the
crystal structure is generated by a certain stacking sequence. Let us consider a close packed
layer which we shall refer to as layer A, Figure 2.4(a). Close packing can be continued in a third
dimension by the stacking of additional atomic layers. These layers can either occupy the B or
C sites of the initial layer. If the stacking sequence alternates every two layers, e.g. ABABAB,
then the h.c.p. structure is produced, Figure 2.4(b). Alternatively, if the stacking alternates
every three layers, e.g. ABCABC, the f.c.c. structure is formed, Figure 2.4(c). Here the layers
become {111} planes of the resultant crystal.
Discontinuities or faults in the stacking sequence can occur in most metals through processes such
(a) (b)
C
A
B
(c)
B-layer site
C-layer site
A
B
Figure 2.4: Arrangement of atoms in (a) a close-packed plane, and stacking on successive sites to form
(b) a hexagonal close-packed (h.c.p.) and (c) face centred cubic (f.c.c.) structure.
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as plastic deformation [13]. These planar defects are known as stacking faults, and as the name
implies, are produced by local regions in the crystal where the normal stacking arrangement has
been interrupted. Consider a stacking sequence of
A B C A B C (2.1)
or
A B A B A B (2.2)
within the close-packed planes of a close-packed structure. It is possible for the next layer of
atoms to occupy two separate positions, Figure 2.4(a). A close-packed layer of atoms resting
on the initial layer can equally sit on either the B site or C site. From a geometric viewpoint
there is also no argument for the selection of a certain site. As a result, two different types
of stacking faults are possible in an f.c.c. lattice. These are referred to as either intrinsic or
extrinsic stacking faults, Figure 2.5.
Intrinsic and extrinsic stacking faults can be considered by visualising the discontinuity in the
stacking sequence via the addition or removal of an additional layer of atoms. In an intrinsic
stacking fault part of layer A has been removed resulting in a break in the stacking sequence,
Figure 2.5(b). However, the stacking sequence is continuous above and below the fault plane, up
to the fault itself. An intrinsic stacking fault is obtained by a shearing operation e.g. slip, which
displaces close packed layers by an a6 〈112〉 vector so that the atoms occupy the next available
sites (i.e. A → B, B → C, C → A, etc.). This operation effectively removes a single layer from
A
B
C
A
B
C
Perfect Crystal(a)
A
B
C
B
C
A
Intrinsic Stacking Fault(b)
A
B
C
B
B
A
Extrinsic Stacking Fault(c)
Figure 2.5: Stacking faults in an f.c.c. structure. The normal stacking sequence in a perfect crystal
is denoted by an ABCABC stacking sequence which is altered by an intrinsic or extrinsic stacking error
creating a fault.
2.2. The Metallurgy of TWIP Steels 13
the correct stacking sequence. Therefore, the stacking sequence now becomes
†
A B C | B C A
(2.3)
where the dagger denotes the fault line. Comparison of the intrinsic faulted sequence to that
of an h.c.p. structure shows that an intrinsic fault essentially contains four layers of an h.c.p.
stacking sequence. Consequently, an intrinsic stacking fault in an f.c.c. metal is equivalent to
the formation of a thin h.c.p. region.
An extrinsic fault is created by the introduction of an additional layer in the stacking sequence,
Figure 2.5(c). This creates two interuptions in the stacking sequence. Here the additional layer
is not a constituent part of the continuing arrangement of the lattice above or below the fault
line. In addition, the faulted sequence, i.e. CBA (in Figure 2.5(c)), constitutes a submicroscopic
twin of nearly atomic thickness. In some cases it may be convenient to think of an extrinsic
stacking fault as the overlapping of two intrinsic faults on successive {111} planes.
In the case of both intrinsic and extrinsic stacking faults, if the fault terminates inside a crystal
its boundaries will form a partial dislocation. These dislocations may either be of the Shockley
type or the Frank type. Dislocations of the Shockley type are those associated with slip and the
Burgers vector of the dislocation lies in the plane of the fault. Dislocations of the Frank type
have a Burgers vector normal to the fault. A stacking fault in an f.c.c. metal when viewed from
dislocation theory is essentially an extended dislocation which consists of a thin h.c.p. region
and is bounded by partial dislocations, Figure 2.6. This is because a stacking fault is formed
as a consequence of the dissociation of a perfect a2 〈110〉 dislocation into the more energetically
favourable configuration of two Shockley partial dislocations of the type a6 〈211〉.
Slip plane
Stacking fault
Partial
dislocations
Figure 2.6: Schematic model of a stacking fault along with two Shockley partial dislocations.
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To accommodate dislocation motion the slip plane is usually the plane with the highest density
of atoms, and the slip direction is the direction in which the atoms are most closely spaced in
the slip plane. Therefore, in the case of f.c.c. austenite, the slip system is a2 〈110〉{1¯11}. This is
the most energetically favourable dislocation because the elastic strain energy of the dislocation
is proportional to the square of the Burgers vector (i.e. E ∝ b2, where b is the Burgers vector).
Consider the shearing of an atom in the B plane over the A plane in Figure 2.4(c). Rather than
shearing directly over the A plane, it is energetically more favourable for the atom to move in
an indirect fashion i.e. a zig-zag motion, between the troughs of plane A [14]. Therefore, in the
case of an a2 〈110〉 dislocation, this means that the perfect dislocation divides into two separate
partial dislocations, i.e. Shockley partials. The dissociation of the perfect dislocation is of the
form
a
2
〈110〉{111} → a
6
〈211〉{111}+ a
6
〈121〉{111} (2.4)
or in Thompson notation
AB = Aδ + δB (2.5)
The Burgers vector of each partial is a√
6
. This is equal to the displacement of two hexagonal
close packed layers in the perfect f.c.c. crystal. As a result, the movement of a Shockley partial
dislocation introduces an intrinsic stacking fault which is subsequently removed by the second
Shockley partial dislocation.
The presence of stacking faults can have an important role in the plasticity of a crystal and in
the case of f.c.c. metals differences in deformation behaviour are due to variations in the nature
of the stacking fault. Since the atoms on either side of a stacking fault are in positions which
they would not normally occupy in a perfect lattice, a stacking fault possess a surface energy, i.e.
a stacking fault energy (SFE) [15]. This energy may be small compared to that of an ordinary
grain boundary for example, but it is finite and an important parameter in the metallurgy of
many f.c.c. metals including TWIP steels.
The partial dislocations that bound a stacking fault (Figure 2.6) tend to repel each other due to
a mutual interaction with a net repulsive force. However, this is counterbalanced by the surface
tension of the stacking fault pulling them together. Therefore, the larger the separation between
the partial dislocations, the smaller the repulsive force between them. Thus, the total surface
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energy associated with the stacking fault increases with the distance between the partials, i.e.:
ESF = γSFLd (2.6)
where ESF is the surface energy of the stacking fault, γSF is the stacking fault energy (per unit
area), L is the length of the dislocation and d is the separation between the partials. Therefore,
the force (F ) opposing the repulsion of the partial dislocations is
F = −∂ESF
∂d
= −γSFL (2.7)
The equilibrium distance between the dissociated dislocations is hence influenced by the mini-
mum of the total stored energy of the stacking fault. This corresponds to the force balance at
the partial dislocations:
Ftotal = −∂Etotal
∂d
= 0 (2.8)
Based on the above considerations, Cottrell [14] derived a relationship for the approximate
equilibrium separation of a stacking fault to be
w = − Gb
2
4piγSF
(2.9)
where w is the width of the stacking fault, G is the shear modulus and b is the absolute value
of the Burgers vector of the Shockley partial dislocations. The size of the stacking fault will
depend on the spacing of the partials while the stacking fault energy is inversely proportional
to the length between the two partials. Equation 2.9 indicates that the stacking fault width is
almost entirely influenced by the SFE. Furthermore, it should be noted that the fault width is
inversely proportional to the SFE, therefore the lower the stacking fault energy the greater the
separation between the partial dislocations. The fault width, in turn, controls the ease of cross
slip of screw dislocations and is hence responsible for the prevailing deformation mechanism in
the metal whether by slip (planar glide or wavy glide), mechanical twinning, a martensitic phase
transformation or a combination of the aforementioned mechanisms. The lowering of the stacking
fault energy makes cross slip more difficult. Cross slip occurs when a screw dislocation gliding on
a plane moves onto another. In principal this process should not be difficult. However, if a screw
dislocation is separated into partials that are connected by a stacking fault for example, both
the partials cannot remain as screw components. Consequently, they must recombine to form
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a screw dislocation before moving onto the next plane. This recombination increases the total
energy, thus, an applied stress is required. The energy required for recombination is dependent
on the separation of the partials. If the SFE is high these partials are closer together and less
energy is needed. However, if the SFE is low the partials are further apart and more energy is
required to recombine the partials. This lowers the probability for cross slip to occur.
The shift from mechanical twinning to the formation of ε martensite in Fe-Mn-C steels is believed
to be supported by a shift in the nature of the stacking faults that are present to act as nuclei
for either process. It is accepted that intrinsic stacking faults serve as nuclei for twinning
while ε martensite formation is facilitated by extrinsic stacking faults. This occurrence has been
confirmed in TWIP steels by Idrissi et al. [16]. Work conducted by Lecroisey and Pineau [17] also
supports this hypothesis since they calculated the energy associated with an extrinsic stacking
fault to be ∼1.5 times greater than that of an intrinsic stacking fault.
2.2.3 Stacking Fault Energy
The stacking fault energy (SFE) is an integral factor in defining the mechanical properties of
TWIP steels and has an important role in the appearance of the TWIP effect. In the case of Fe-
Mn-C steels, to fully exploit mechanical twinning and/or the martensitic phase transformation,
careful consideration must be taken to ensure that the SFE is between a specified range. This
is generally achieved by adding definite quantities of alloying elements to the steel composition.
A low SFE promotes wide dissociation of dislocations into Shockley partials. This hinders
dislocation glide and in turn favours deformation twinning. An even lower SFE subsequently
favours a phase transformation from the austenite into either α’ or ε martensite, while a high
SFE promotes deformation solely through dislocation glide [18–20].
Different approaches for determining the SFE of metals can be found in the literature. Seeger [21]
developed early methods for calculating the SFE based on electron theory of metals. Cotterill
et al. [22] subsequently calculated the SFE of copper using a variational method. Direct mea-
surements of the SFE have been conducted using transmission electron microscopy (TEM) via
investigations of the dissociation of triple node junctions and dislocation multiple ribbons [23].
The SFE has also been determined by directly measuring the dissociation widths using TEM [24].
Direct measurement of the SFE using TEM is a delicate procedure and can often be influenced by
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external bias, such as the pinning of partial dislocations by carbon atoms. In addition, authors
have reported values for the SFE of similar alloys measured using TEM that vary substantially
between respective authors. For example, Adler et al. [25] have reported a SFE of ∼20 mJ m−2
for a Hadfield steel at room temperature while Bayraktar et al. [26] report a much higher SFE
value of ∼50 mJ m−2 for a similar Hadfield steel, also at room temperature. Due to the concerns
in experimentally derived values of the SFE for metals, it is rare to find many examples in the
literature.
Many authors have opted to use an indirect approach for calculating the SFE of metals using a
thermodynamic basis. The results from these models have subsequently been augmented with
direct observations of the deformation mechanisms using TEM. The thermodynamic approach
is based on the affiliation that exists between the SFE and the driving force for ε martensite
formation. This method was initially developed by Hirth and Cohen [27] and later popularised
by Olson and Cohen [28]. The thermodynamic model considers an intrinsic stacking fault to be
equivalent to an ε martensite platelet with a thickness commensurate to only two atomic layers,
consequently creating two new austenite (γ) and martensite (ε) interfaces.
Olson and Cohen’s [28] model accounts for the difference in the Gibbs energy, ∆Gγ→ε of each
element, x, during the γf.c.c. → εh.c.p. transformation. First order interactions between two
elements (e.g. x and y) are also accounted for by introducing an excess free energy term, Ωγ→εxy .
Contributions to the Gibbs energy caused by magnetic effects including the paramagnetic to
antiferromagnetic transitions of the austenite and ε martensite phases is also considered. The
underlying crystallography regarding the formation of stacking faults has already been discussed
in Section 2.2.2. A salient feature to consider is that an alteration in the stacking sequence results
in the creation of an interface that separates two regions of the matrix. As a result, a change in
the chemical bonding occurs at this interface and in turn the stacking fault can be considered
as a special example of a Gibbs interface [29]. In addition, the stacking fault can be regarded
as a distinct phase (i.e. a h.c.p. phase) with two interface boundaries equidistant to the faulted
plane. These interfaces result from a change in the layer spacing between the layers in the new
stacking fault phase (SFP) and the original matrix [27].
Once a stacking fault is introduced into the normal sequence of a crystal a change in the Gibbs
energy will occur. The size of this will be the same indifferent of whether the problem is
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considered from an interface or volume approach, i.e.
∆Ginterface = ∆Gvolume (2.10)
If the change in Gibbs energy is considered to be based on an interface approach the Gibbs
energy can be expressed as
∆Ginterface = Aγ
∞ (2.11)
where A is the area of the interface and γ∞ is the interfacial energy per unit area of the interface.
If one considers the change in Gibbs energy using a volume based approach the relationship
becomes
∆Gvolume = V
SFP(GSFPV −GMatrixV ) + 2Aσ (2.12)
where V SFP is the volume of the stacking fault phase (i.e. the local h.c.p. region), GSFPV is
the Gibbs energy per unit volume of the SFP, GMatrixV is the Gibbs energy per unit volume of
the matrix and σ is the interfacial energy per unit area of interphase boundary. Substituting
Equations 2.11 and 2.12 into Equation 2.10 and differentiating with respect to A, i.e.
∂∆Ginterface
∂A
=
∂∆Gvolume
∂A
(2.13)
leads to an expression for the ideal stacking energy to be obtained
γ∞ = 2s(GSFPV −GMatrixV ) + 2σ (2.14)
where s is the interplanar spacing between the close packed planes parallel to the fault plane.
Since it is easier to use molar Gibbs energies, Equation 2.14 can be expressed as
γSFE = 2ρ∆G
γ→ε + 2σ (2.15)
where ∆Gγ→ε is the molar Gibbs energy of the austenite (γ) to ε martensite phase transfor-
mation and ρ is the molar surface density along {111} planes. This can be obtained using the
following expression
ρ =
4√
3
1
a2N
(2.16)
where a is the lattice parameter and N is Avogadro’s constant.
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The relationship derived for the SFE to this point (Equation 2.15) is for the ideal SFE which
defines the energy of the fault per unit area in an extended stacking fault without limit within
a boundless ideal crystal. To determine a relationship closer to the real situation, we must
consider the scenario where the fault is constrained by two partial dislocations. Here the self
energies of the dislocations and their interaction energy has to be considered in the energetics
of the system. The additional strain field introduced by the fault being bounded by partial
dislocations must also be considered and therefore an extra term is appended to Equation 2.15
to obtain the effective SFE:
γ∗ = 2ρ∆Gγ→ε + 2σ + 2s∆Gs (2.17)
where ∆Gs is the strain energy per unit volume of the stacking fault. The strain energy is depen-
dent on shape, hence γ∗ is not an intrinsic material property and is specific to the configuration
of the dislocations.
In the situation of two parallel partial dislocations, Mu¨llner et al. [30] have estimated ∆Gs as
∆Gs =
piDε2
2
=
µε2
4(1− υ) (2.18)
where
D =
µ
2pi(1− υ) (2.19)
and µ is the shear modulus, υ is Poisson’s ratio and ε is the strain normal to the fault plane.
Gibbs Energy
To obtain the SFE of a material using the relationships derived above one must be able to
determine the change in Gibbs energy while taking into account the chemical, interfacial and
magnetic energy contributions. The molar Gibbs energy change, ∆Gγ→ε upon the γf.c.c. → εh.c.p.
transformation can be expressed as a sum of three separate terms
∆Gγ→ε =
∑
i
χi∆G
γ→ε
i +
∑
ij
χiχjΩ
γ→ε
ij + ∆G
γ→ε
mag (2.20)
where χ represents the molar fractions of the pure alloying elements. The initial term in Equa-
tion 2.20 is the sum of the chemical contributions influencing changes in Gibbs energy due to
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the pure element fractions, χψ, such that
∆Gγ→εψ = (G
ε
ψ −Gγψ) (2.21)
with the molar Gibbs energy of the pure elements in the ε martensite and γ phase states being
represented by Gεψ and G
γ
ψ. The Gibbs energy is expressed using a power series in terms of the
absolute temperature, T :
GΦψ = a+ bT + cT ln(T ) +
∑
dTn (2.22)
where a, b, c and d are coefficients and n represents a set of integers which normally has a value
of -1, 2 or 3 [31].
The second term in Equation 2.20 represents the sum of the excess free energies which can be
expressed as
Ωγ→εψφ = (
0Lε −0 Lγ) + (1Lε −1 Lγ)(χψ − χφ) (2.23)
where 0Lψ is a linear function of the temperature and 1Lψ is a constant [11].
The final term in Equation 2.20 accounts for the magnetic contribution of each phase, Φ, to the
molar Gibbs energy. This can be described by the model proposed by Hillert et al. [32], i.e.
GΦmag = RT ln(β
Φ + 1)fΦ(τΦ) (2.24)
where R is the molar gas constant, T is the temperature, βΦ is the magnetic moment of phase
Φ divided by the Bohr magneton (µB) and f
Φ(τΦ) is a polynomial function of the scaled Ne´el
temperature as proposed by Hillert et al. [32]
τΦ =
T
TΦNe´el
(2.25)
The ε martensite and austenite phases both sustain a paramagnetic to ferromagnetic state
change at decreasing temperatures once the Ne´el temperature is passed. Consequently, the
fΦ(τΦ) function in Equation 2.24 requires a conditional statement that accounts for the change
in magnetic state. Thus, when τΦ ≤ 1, fΦ(τΦ) is given by
fΦ(τΦ) = 1−
[
79τ−1
140p
+
474
497
(
1
p
− 1
)(
τ3
6
+
τ9
135
+
τ15
600
)]
/D (2.26)
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however, if τΦ > 1, fΦ(τΦ) is given by
fΦ(τΦ) = −
[
τ−5
10
+
τ−15
315
+
τ−25
1500
]
/D (2.27)
where p describes the fraction of the magnetic enthalpy that is absorbed above the Ne´el tem-
perature (this value is structure dependent) and D is represented by the following relationship:
D =
518
1125
+
11692
15975
(
1
p− 1
)
(2.28)
There is still considerable uncertainty in the exact stacking fault energy of high manganese
steels. However, the theoretical models do allow for a SFE range to be agreed within which
certain deformation mechanisms occur. Most authors accede that a stable, fully austenitic steel
exhibiting TWIP properties, has a SFE range between 18 - 45 mJ m−2 coupled with a positive
molar Gibbs energy between 110 - 250 J/mol [7; 8; 33–35]. A SFE below this range along with a
negative molar Gibbs energy of <-220 J/mol [7; 8; 33; 35] promotes the formation of a martensitic
phase where twinning tends to disappear and is replaced by ε martensite platelets. Finally, a
SFE greater than 45 mJ m−2 results in plasticity which is controlled solely by dislocation glide.
2.2.4 Elements
The first fully austenitic steels to utilise mechanical twinning as a means for accommodating
plastic deformation were highly rich in manganese (Mn) and carbon (C). These steels were
termed Hadfield steels, and have been briefly discussed in Section 2.1. The conception of mod-
ern TWIP steels began with an interest in developing alloys with less C that still exhibited
mechanical twinning during deformation. This was achieved by increasing the Mn content of
the alloys. Mn is the primary solute in TWIP steels and the alloys are generally Mn rich, i.e.
>15 wt. %. Manganese acts as an austenite stabiliser which in sufficiently high concentrations
will drastically lower the transformation temperature of the austenite and suppress the austen-
ite to ε martensite (γf.c.c. → εh.c.p.) transformation. The solubility of C in the austenite is also
increased by Mn. In addition, with increasing Mn content, (up to ∼ 22 wt. %) the stacking fault
energy will be reduced [36]. The effect of Mn on the tensile properties of binary Fe-Mn alloys
has shown that increasing the Mn content results in a higher yield stress in the metal. However,
investigations by Bouaziz et al. [37] have shown that in the case of ternary Fe-Mn-C alloys,
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adding Mn reduces the yield strength. Furthermore, the direct contribution (via solid solution
strengthening) of Mn to hardening is negligible. The cause of this is suggested to be due to the
complex interactions between dislocations and the C and Mn [37].
Carbon (C) acts as an austenite stabiliser and promotes solid solution strengthening of the
austenite phase. C additions are also required to lower the stacking fault energy of the alloy.
Yakubtsov et al. [38] have investigated the effect of C addition on Fe-22Mn-C alloys. The authors
calculated a stacking fault energy of ∼30 mJ m−2 for a binary Fe-22Mn alloy, but C additions of
less than 1 wt. % were sufficient to reduce this to ∼22 mJ m−2. However, at higher C contents
the stacking fault energy is reported to have increased. It is also considered that the C content is
an important parameter in triggering mechanical twinning. Allain and Bouaziz [20] report that
an Fe-30Mn alloy is observed to deform only through dislocation glide. However, the authors
report that Fe-22Mn-0.6C, Fe-17Mn-0.9C and Fe-12Mn-1.2C alloys all deform by dislocation
glide and mechanical twinning, even though all four alloys have a similar stacking fault energy.
Increased C content is also reported to strongly increase the yield strength which is induced by
solid solution hardening [37].
Although the process of twinning will be covered in greater detail in following sections, the
particular sensitivity of deformation twinning to the C content supports the existence of a critical
resolved shear stress (CRSS) for mechanical twinning. Christian and Mahajan [39] suggest that
the conception of twins is aided by stress concentrations which are caused by dislocation pile ups.
These dislocations help overcome the CRSS for twinning and extend an initial stacking fault to
form a twin. Consequently, an increase in the characteristic length of these perfect dislocation
pile ups leads to a decrease in the CRSS for twinning. In Fe-Mn-C alloys, C promotes planar
slip and hence contributes to an increase in the dislocation pile up length which in turn reduces
the CRSS, thus making twinning easier.
Aluminium (Al) and silicon (Si) are predominantly used to adjust the magnitude of the stacking
fault energy of the austenite phase. However, both elements also play an important role in
strengthening the steel via solid solution hardening. Furthermore, Al and Si also stabilise the
austenite and suppress the γf.c.c. → εh.c.p. transformation.
Aluminium is particularly effective at stabilising the austenite due to the element’s ability to
impede the precipitation of carbides, particularly cementite. This, in turn, leaves more carbon
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for the embelishment of the austenite [40]. However, Al becomes a ferrite former when added
excessively, i.e. >4 wt. % [41]. Al additions result in improved mechanical properties [8] while
more recently it has also been shown that Al lowers the material’s sensitivity to delayed fracture
in formed components [42]. Al also increases the stacking fault energy while decreasing the
probability of stacking fault formation. Dumay et al. [43] report that the stacking fault energy
increases by ∼5 mJ m−2 per added weight percent of Al, although, Oh et al. [41] report the
increase to be at a rate of 10 mJ m−2 for an equivalent amount of Al.
Silicon is reported to lower the stacking fault energy [7; 44]. However, Schramm et al. [45] report
that Si only acts to reduce the stacking fault energy at concentrations greater than 4 wt. %. Si
concentrations lower than 4 wt. % produce an increase in the stacking fault energy [43].
In addition to the prominent solutes (i.e. Mn, Al and Si) utilised in TWIP steel metallurgy,
there is considerable interest in using other elements which result in improved mechanical prop-
erties without hindering the twinning process. Precipitation strengthening using titanium (Ti),
vanadium (V) and niobium (Nb) has been investigated [46]. It has been reported by Scott et
al. [46] that for industrially relevant conditions, microalloying using Ti provides the highest
hardening effect at relatively low concentrations, i.e. <0.1 wt. %. The addition of nitrogen (N)
has also been explored as a route for further strengthening in TWIP steels [47]. N behaves in a
similar manner to Al additions and results in an increase in the stacking fault energy.
2.2.5 Plasticity Mechanisms
Generally, plastic deformation in metals is facilitated through dislocation glide. Dislocation
interactions cause strain hardening of the material, i.e. increase the strength of the metal dur-
ing deformation. However, in the case of Fe-Mn-C alloys with a fully austenitic microstructure
depending on the composition and deformation temperature, mechanical twinning of crystal
planes and phase transformation (i.e. either an ε or α′ martensite transformation) processes
can contribute to the overall deformation process, in addition to dislocation glide. These mech-
anisms, under specific deformation conditions, can have a dominant effect and can also occur
simultaneously. Furthermore, from a crystallographic point of view, a close relationship exists
between mechanical twinning, martensitic phase transformations and stacking faults [48].
Mechanical twinning and ε martensite formation are both mechanisms that compete with dislo-
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cation glide. The processes are also similar from both a nucleation view, i.e. involving the glide
of the same Shockley partial dislocations, and in terms of morphology, i.e. mechanical twins
and ε martensite platelets both have a few nanometer thick lenticular morphology, Figure 2.7.
Twinning and the ε martensite transformation are actively connected to the SFE. Twinning is
favoured in alloys with a SFE range between 18 - 45 mJ m−2, while ε martensite formation oc-
curs when a SFE less than 18 mJ m−2 exists. Most authors emphasise that a direct link between
the SFE and the α′ martensite transformation should not be drawn from a thermodynamic
viewpoint [8; 49; 50]. This is because the γf.c.c. → α′b.c.c. transformation occurs in steels with
compositions on the left hand side of the Schumann diagram, Figure 2.2(c), or at low temper-
atures. However, the nucleation of α′ martensite has often been observed at the intersection
of shear bands [51–53] which in many cases have been determined to actually be ε martensite
variants. Therefore, Curtze et al. [33] have hypothesised that the γf.c.c. → α′b.c.c. transformation
occurs at very low SFE, via a two-step transformation, i.e. γf.c.c. → εh.c.p. → α′b.c.c..
The Martensitic Transformation
The diffusionless characteristic of the martensitic transformation means that the resultant transi-
tion in crystal structure is realised by a consistent deformation of the parent phase. To minimise
the strain energy, martensite develops as thin plates on certain crystallographic planes, referred
(a) (b)
Figure 2.7: Dark field TEM micrograph of (a) ε martensite platelets and (b) mechanical twins. Figure
from [20].
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to as habit planes [54]. These planes are the interface between the austenite and martensite and
are flat for unconstrained transformations. However, during constrained transformations, strain
energy minimisation introduces curvature at the interface.
To enable the martensitic transformation to occur, the interface must have a glissile structure, i.e.
an interface which does not need diffusion. Thus, only a coherent or semi-coherent interface can
satisfy this criteria. A semi-coherent interface will periodically contain dislocations which correct
the lattice misfit. Hence, for martensite to form, one of these arrays must exist. Otherwise, the
interface would be sessile. Therefore, for martensite to form, a semi-coherent interface must
comprise of one line which is undistorted and unrotated by the transformation strain, i.e. an
invariant line. In fact, martensitic transformations can only occur when the original and resultant
lattices can be linked by a transformation strain which leaves at least one invariant line [54].
A correspondence between the austenite and martensite lattices was first indicated by Bain in
1924 [55], when he illustrated that a tetragonal unit cell can be outlined within two austenite
cells (whether the martensite formed should be considered as a b.c.c. or body centred tetragonal
(b.c.t.) structure depends on the carbon content of the alloy). Bain proposed that the change in
structure during the martensitic transformation is achieved by a simple homogeneous deforma-
tion, Figure 2.8(a). To convert the tetragonal cell into martensite, Bain suggested a deformation
(Bain strain) was necessary. This involved a contraction of approximately 17 % along the [001]γ
and a uniform expansion of 12 % in the (001)γ [56].
The Bain strain suggests that the orientation between the parent and product lattices is:
[001]f.c.c. || [001]b.c.c., [11¯0]f.c.c. || [100]b.c.c., [110]f.c.c. || [010]b.c.c.
However, experimental observations indicate irrational orientation relationships, similar to the
Kurdjumov-Sachs orientation [57]:
{111}f.c.c. || {011}b.c.c. <101¯>f.c.c. || <111¯>b.c.c.
Consequently, the Bain orientation initially seems to be inconsistent with experimental observa-
tions. However, further examination of the Bain strain reveals the presence of an invariant-line
strain (ILS), which is a required condition for the martensitic transformation to occur.
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Figure 2.8: Transformation of martensite from austenite: (a) outline of a tetragonal unit cell in two
austenite unit cells and (b) Bain strain deforming the austenite lattice into a b.c.c martensite lattice
(some lattice points have been removed for clarity)
Consider the austenite is shown as a sphere, Figure 2.9(a&b), which due to the Bain strain, B is
deformed into a revolved ellipsoid, thus representing the martensite. No lines are left undistorted
and unrotated by B and there are no lines in the (001)f.c.c. plane that are undistorted. The lines
wx and yz are undistorted, but they are rotated to w′x′ and y′z′. However, the lines are not
invariant. Therefore, to produce an ILS a rigid body rotation, R, is needed to be combined
with B, Figure 2.9(c). Thus bringing the lines yz and y′z′ into coincidence. This explains the
difference between the observed illogical orientation relationships and those implied by the Bain
strain because R corrects the Bain orientation to that which is experimentally observed.
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Figure 2.9: Bain orientation representation: (a) austenite illustrated as a three-dimensional sphere (b)
Bain strain produces an ellipsoid representing the martensite and (c) invariant-line strain obtained by
combining Bain strain with a rigid body rotation.
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Experimental observations further suggest austenite transforms to martensite by a homogeneous
strain, which is an invariant-plane strain (IPS). This leaves the habit plane unrotated with no
distortion. However, it is clear from Figure 2.9(c) that there is no rotation, which can make B
an IPS, as this requires two non-parallel invariant lines. This suggests that for the γf.c.c. → α′b.c.c.
transformation, austenite cannot be transformed to martensite through a homogeneous strain,
which is represented by an IPS. This inconsistency can be resolved by recalling that the Bain
strain converts the parent phase structure into that of the product. Combining B with R, the
full homogeneous lattice deformation, BR is an ILS. However, the detected deformation is an
IPS, P1, but this produces an inaccurate crystal structure, Figure 2.10(a&b). The addition
of a second homogeneous shear, P2, to combine with P1 results in the correct structure being
obtained, but the wrong shape, Figure 2.10(b&c), since P1P2 = BR. The discrepancies are
finally resolved by assuming the shape changing effect of P2 is macroscopically cancelled by an
inhomogeneous lattice-invariant deformation such as twinning or slip, Figure 2.10. Finally, the
theory now explains all experimental observations of the martensitic transformation.
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Figure 2.10: Theory of martensite crystallography: (a) observed austenite structure and shape, (b)
observed shape after P1, but wrong structure and (c) martensite with correct structure but wrong shape,
which is explained by the presence of a slip or twinning mechanism.
α′ martensite
Considering the close-packed planes of the f.c.c. and h.c.p. lattices, i.e. the {111} and the
{0001} planes, along with the most closely packed plane in the body centred cubic (b.c.c.)
lattice (i.e. {110}), it is apparent that the close-packed planes of the f.c.c. and h.c.p. lattices
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can be transformed into the {110} b.c.c. plane via very little distortion. This can be described
through the Bain transformation or the Kurdjumov-Sachs transformation.
A second transformation mechanism observed for the formation of α′ martensite involves a two
step reaction. Here the α′ phase is formed from an intermediate ε martensite phase [58; 59]. This
process involves two shear components. The first component involves a lattice displacement of
af.c.c.
18 〈112〉 achieved by an array of Shockley partial dislocations averaging one over every third
{111} slip plane. The second component involves a displacement of af.c.c.12 〈112〉 and ab.c.c.8 〈110〉
achieved by Shockley partials averaging one every second {111} plane. If the partial dislocations
associated with the first shear component that are piled up at the intersection of the second
shear component structure should pass on the uniformly distorted planes, the result will be the
formation of a perfect b.c.c. structure.
ε martensite
A low stacking fault energy suggests that the f.c.c. solid solution is energetically nearer to a
h.c.p. structure. Therefore, perfect dislocations will dissociate to form broad stacking faults. In
these circumstances, the h.c.p. ε martensite phase will form with a habit plane {0001}ε parallel
to the {111}γ stacking fault plane. ε martensite has been shown to form on stacking faults, as
described in Section 2.2.2, with a {0001}ε//{111}γ and 〈112¯0〉ε//〈110〉γ orientation relationship
with the austenite. This means that the close-packed planes and directions in the f.c.c. and
h.c.p. structures are parallel.
Brooks et al. [51] proposed that a single stacking fault can be regarded as a nucleus for the
formation of ε martensite. The subsequent growth of perfect ε martensite thus occurs through
overlapping of the stacking faults on every second {111} plane [51; 60]. This takes place either
by a specific mechanism or by random irregular overlapping processes [60].
Twinning
Mechanical twins are formed from the collaborative glide of intrinsic a6 〈112〉 Shockley partial
dislocations on successive {111} planes which define the twin habit plane. The twinned material
still remains f.c.c., however, the twin has a Σ3 (i.e. 60 ◦) orientation relationship with the matrix.
Twinning results in the impressive hardening behaviour of a material which Adler et al. [25] have
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suggested is due to the carbon atoms that are trapped in octahedral sites in the matrix shifting
to tetrahedral sites in the twinned region. This results in an additional hardening stage.
It is unanimously agreed that twinning proceeds through a dislocation process. However, several
mechanisms have been proposed to explain the nucleation and growth of twins. A detailed
description of the models will be provided in Section 2.3.
2.2.6 Mechanical Properties
Twinning induced plasticity (TWIP) steels exhibit an extremely high strain to failure of up
to 95 %, at tensile strengths in excess of 800 MPa [6–8]. This is coupled with a very high work
hardening capacity, Figure 2.11. A number of mechanisms have been suggested to be responsible
for the hardening behaviour of TWIP steels including planar glide, bundles of Lomer-Cottrell
locks, pseudo-twinning, dynamic strain ageing (DSA) and mechanical twinning (or a strain
induced ε martensite transformation). The majority of explanations proposed are attributed to
either a DSA process or the occurrence of deformation mechanisms supplementary to dislocation
glide, e.g. twinning [61]. The contribution of DSA due to interactions between carbon atoms
and dislocations to the hardening behaviour of TWIP steels is controversial. Idrissi et al. [62]
have shown that, even without the presence of carbon in solid solution an alloy which displays
twinning also exhibits substantial strain hardening capabilities. Furthermore, Kim et al. [63; 64]
have recently shown that mechanical twinning, rather than DSA, is the vital mechanism defining
the strain hardening behaviour of TWIP steels. The authors report that DSA contributes less
than 3 % to the hardening behaviour of a Fe-18Mn-0.6C-1.5Al steel, i.e. no more than 20 MPa,
which can be considered negligible.
Strain Hardening
The strain hardening mechanism of TWIP steels is best described as a dynamic Hall-Petch type
process, Figure 2.12, although dislocation glide is still the dominant deformation mechanism. In
the dynamic Hall-Petch process, mechanical twins are continuously formed during deformation.
Since twin formation involves the introduction of new crystal orientations, the twins increasingly
decrease the mean free path for dislocation glide, thus increasing the flow stress. The gradually
increasing twin density consequently results in the very high strain hardening observed in TWIP
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Figure 2.11: Stress-strain behaviour of a TWIP steel tested at a quasi-static strain rate of 10−3 s−1
exhibiting an almost linear true hardening rate of ∼2.3 GPa.
steels.
The role of mechanical twins on the strain hardening behaviour was first proposed by Re´my [65].
To take into consideration large dislocation pile ups observed at twin boundaries, Re´my advo-
cated a microstructure-based behaviour relationship. This used a congruent approach to that
devised by Hall [66] and Petch [67] to characterise the effect of grain refinement in metals. By
assuming that the length of dislocation pile ups is the same as the mean distance between twin
boundaries, Re´my suggested that the overall flow stress can be obtained through the following
relationship:
σ = σm + k
µb
t
n (2.29)
where σm is the flow stress of the matrix containing no twins, k is a constant, µ is the shear
Dislocation
source
(a)
Twin
(b)
Λ
Λ
Figure 2.12: Schematic representation of the strain hardening mechanism in TWIP steels where Λ
represents the dislocation mean free path. The mean free path is larger in an untwinned grain (a)
compared to a twinned grain (b). Figure adapted from [34].
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modulus, b is the Burgers vector, n is the number of dislocations in the pile up and t is the
mean distance between twins.
Fullman [68] proposed that the mean spacing between twins is related to the twin fraction and
thickness (which is assumed to be constant) such that
1
t
=
1
2e
F
(1− F ) (2.30)
where F is the twin volume fraction and e is the twin thickness. Consequently, Equation 2.29
can be written as
σ = σm + k
µb
e
F
(1− F ) (2.31)
Since F is a function of strain, Equation 2.31 is able to account for the high work hardening
observed in TWIP steels. Here the model considers the hardening mechanism to be due to
long range stresses caused by dislocation pile ups. Hence, it is considered to be a kinematic
relationship.
A second model which considers the dynamic reduction in the dislocation mean free path by
twin boundaries has been developed by Bouaziz et al. [69] and Karaman et al. [70]. The dynamic
model needs to take into consideration the contribution to the overall plastic shear strain due
to twinning, Figure 2.13. For this reason, a law of mixtures is used, i.e.
dγ = (1− F )dγg + γtdF (2.32)
where γg is the shear strain from dislocation gliding, γt is the twinning shear strain and is equal
to 1√
2
and F is the volume fraction of twins.
γTwinγMatrix
Twinning
Figure 2.13: Schematic representation of the twinning contribution to the overall shear strain. Figure
adapted from [69].
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The mechanical behaviour is considered to follow a classical relation between the flow stress and
dislocation density, while the hardening is considered to be wholly isotropic, i.e.
σ = αMµb
√
ρ (2.33)
Here α is a constant, M is the average Taylor factor, µ is the shear modulus and b is the Burgers
vector. The cumulative shear and macroscopic tensile strains can thus be linked with the Taylor
factor such that
γ = Mε (2.34)
The progression of the dislocation density with plastic strain is resultant from the contest be-
tween the growth and annihilation due to dynamic recovery [71] and can be expressed as:
dρ
dεg
= M
(
1
bL
+
k
b
√
ρ− fρ
)
(2.35)
where L is the geometric length of the microstructure and k and f are parameters that are
related to the athermal work hardening cap and dynamic recovery.
In the dynamic model a twin boundary is regarded as impenetrable and is assumed to be the
main obstacle for dislocation glide. Therefore L can be expressed as:
1
L
=
1
d
+
1
t
(2.36)
where d is the grain size and t is the mean twin spacing.
Bouaziz et al. [72] have proposed a complete model which incorporates isotropic and kinematic
hardening to describe a detected Bauschinger effect and grain size effect in a TWIP steel. Here
the model considers that dislocations for a given slip system are halted at the grain and twin
boundaries leading to the development of a back-stress. This subsequently impedes the further
movement of analogous dislocations. However, the model concludes that the twin nucleation
stress is independent of grain size, which is not consistent with observations elsewhere [73–75].
Alloy chemistry also has an important role in the strain hardening behaviour of TWIP steels,
in addition to the mechanical twins. Idrissi et al. [62] have shown that a Fe-Mn-C TWIP steel
exhibits a very different hardening behaviour to a Fe-Mn-Si-Al TWIP steel, even though both
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alloys exhibit a similar fraction of deformation twins. This suggests that a chemical dependence
relating to the work hardening behaviour exists, particularly with the carbon content. Bouaziz
et al. [37] have investigated the hardening behaviour of TWIP steels with a wide composition
range. The authors report that the yield stress increases with C content and decreases with the
Mn content. This higher yield stress due to solid solution strengthening allows stronger twins
to grow that are more effective barriers to dislocation glide. This also fits with the observations
of Idrissi et al. [62] where the authors report significantly larger twins in the alloy excluding C.
2.3 Deformation Twinning
2.3.1 Introduction
Twinning is an important mechanism through which many metals deform. Twinning occurs
when a segment of the crystal has an orientation that is affiliated to that of the untwinned
lattice in a specific and symmetrical way. Consequently, the twinned segment is a mirror image
of the parent crystal where the plane of symmetry delineating the two segments is defined as
the twinning plane. Figure 2.14 illustrates a classical atomic representation of twinning. If a
shear stress is applied to the untwinned matrix, Figure 2.14(a), the crystal will twin about the
twinning plane, Figure 2.14(b). Here the portion of the crystal to the right of the twin plane
remains undeformed. However, the atoms on the left of the twin plane have sheared in such a
manner as to make the lattice a mirror image across the twin plane. In a simple lattice, every
atom in the twinned area is displaced by a distance that is proportional to the atoms separation
from the twin plane. Therefore, in Figure 2.14(b), the open circles represent atoms which have
not been displaced, solid grey circles indicate the original position in the lattice of atoms that
have moved during twinning to their final positions. These atoms are represented by the solid
red circles.
Twinning is different to slip in certain respects. During slip, the orientation of the crystal above
and below the slip plane remains the same before and after deformation. However, twinning
results in an orientation difference across the twin plane. In addition, slip is usually considered
to occur in discrete multiples of the atomic spacing, but twinning involves atomic movements
that are a lot smaller than an atomic distance. Finally, slip takes place over relatively widely
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Figure 2.14: Classical representation of twinning showing (a) untwinned crystal and (b) twinned crystal.
spread planes. However, in the twinned region of a crystal every atomic plane is involved in the
deformation.
It is possible to form two types of twins. The first are produced as a result of annealing following
plastic deformation. These twins have a broad, stocky morphology and are known as annealing
twins. The second form of twins are produced during deformation. These twins are thin and
lenticular in morphology and are known as deformation (or mechanical) twins. Deformation
twins are a major cause for the excellent mechanical properties in TWIP steels. Therefore,
mechanical twinning will be the topic of discussion in this section.
2.3.2 Crystallography of Twinning
A key aspect of the crystallographic basis of twinning is to be able to comprehend the factors
that influence the selection of twinning mode, and thus predict the operative mode(s) for a
given crystal structure. The crystallography of twinning will be discussed here for structures
in which all the atoms are the same, i.e. ideally pure elements and ideally incoherent solid
solutions. However, J.W. Cahn [76] emphasised that materials in reality are impure. Therefore
‘true’ deformation twinning is impossible due to a difference in the short-range order between
the parent and sheared (i.e. twinned) structures. This approach led Cahn [76] to conclude
that all deformation twinning must be treated as a specific type of stress induced martensitic
transformation. However, experimental observations suggest that, in practice, the reservations
made by Cahn [76] are often not important because most materials twin in a fashion expected
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for ideal disorder [39].
During deformation twinning, regions of the crystal undergo homogeneous shear which results in
the reproduction of the parent crystal structure in a new orientation. In the most basic scenarios,
this means the parent and product crystals are mirror images of each other by reflection in a
twin plane. Twinning differs from slip, as there is no rotation of the lattice, but the systematic
shear of atoms in planes that are parallel to the twin plane. This is facilitated by the movement
of twinning dislocations [77].
The crystallographic theory of twinning was summarised by R.W. Cahn in 1953 [78] and we
shall consider the crystallography of twinning largely based on his presentation. Let us assume
that a shear force is applied on a single crystal, Figure 2.15. The resultant sheared section has
the same structure and symmetry of the original crystal, i.e. the sheared section retains all the
crystallographic properties of the undeformed metal. Crystallographic theory dictates that it is
only possible for the size and shape of the unit cell to remain unchanged, if three non-coplanar,
rational lattice vectors can be found in the original crystal that have the same lengths and
corresponding angles after shearing [15].
Figure 2.16, shows an edge view of a section which has been sheared by a displacement, e, with
respect to the bottom surface. This has resulted in the crystallographic planes; B, C and D being
rotated to new positions. It can be seen that plane B has been lengthened and D shortened.
However, plane C has experienced no change in dimensions. Plane C has remained unaffected
by the shear because it has the same angle (θ) with the base before and after the shear. It is now
evident that during a shearing action, only two crystallographic planes exist that do not change
in shape and size as a consequence of the shear. The first plane is defined by the upper and lower
Shearing 
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Shearing 
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Figure 2.15: Schematic representation of a crystal shearing operation showing (a) a single crystal
subjected to a shearing force and (b) a twinning shear that has occurred due to the applied force.
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Figure 2.16: Rectangular volume, which has deformed due to a shear force. The original shape of the
section is indicated by the dashed lines. The effect of the force on the planes can be seen where the
dashed lines indicate the position and length of the plane before the shear and the solid lines show the
positions after shear.
surfaces of the sheared volume and contains the shear direction. This plane is known as the
twinning plane and is designated, K1. The second plane intersects K1, in a line perpendicular
to the direction of shear and produces equal angles, with K1 before and after shear. This plane
is designated K2 and is called the undistorted plane. The relationship between K1 and K2 is
illustrated in Figure 2.17.
The shear direction is indicated by η1, the plane which lies perpendicular to K1 and contains η1
is known as the plane of shear. The intersection of this plane with K2 defines a second direction
i.e. η2, which has two different positions before and after shear.
All planes apart from K1 and K2 suffer a change in shape due to shear. Therefore, it is only in
these two planes that vectors can be found which do not distort due to deformation twinning.
The problem herein is to locate three non-coplanar lattice vectors in these planes which retain
their mutual angles and magnitudes after shear. Consider an arbitrary vector e.g. λ, in K1,
η
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θθ
Figure 2.17: Spatial relationship between the K1 and K2 planes.
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Figure 2.18(a). Here, there is only one vector in K2, which can produce the same angle with λ
before and after shear i.e. η2. Since λ can be any vector in K1, η2 will always have the same
angle with all vectors lying in K1. If we also assume that K1 and η2 are rational planes and
directions, the conditions for the unit cell to maintain the same shape and size before and after
shear are achieved. Similarly, it can be seen from Figure 2.18(b), that η1 is the only direction
in K1, which makes the same angle with any arbitrary vectors in K2 e.g. δ, before and after
shearing. This is because η1 is perpendicular to the intersection of K1 and K2. Therefore, for
preservation of the lattice during twinning, K2 and η1 must also be rational.
A consequence of the above is that a lattice can be sheared and still retain the same structure
and symmetry when one of the following conditions is maintained:
i K1 is a rational plane and η2 is a rational direction. This is known as a twin of the first
kind.
ii K2 and η1 are rational, this type of twin has been designated as a twin of the second kind.
iii K1, K2, η1 and η2 are all rational i.e. a compound twin.
The lattice rotations which occur during twinning are different depending on the twin type.
During twinning of the first type the lattice of the original and sheared material is related by
a 180 ◦ rotation around the normal to K1. Conversely, during twinning of the second kind the
sections are related by a 180 ◦ rotation about η1, Figure 2.19(a&b). The appearance of the two
twin rotations on a stereographic projection is illustrated in Figure 2.19(c). Twins of the second
kind are relatively rare in metals and only occur in crystals with low symmetry.
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Figure 2.18: Schematic illustration of types of shear; (a) shear of the first kind, where η2 makes the
same angle with any arbitrary vector (λ) in K1 before and after shear, and (b) shear of the second kind,
where an arbitrary vector (δ) in K2 has the same angle with η1 before and after shear.
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The crystallographic theory indicates that the orientation of the lattice after twinning is given
by a 180 ◦ rotation about either η1, or the normal to K1, depending on the twin type. The size
and sense of shear are determined by the undistorted plane, K2. A final feature to note is that
the shear in twinning, contrasted to slip, is polar, i.e. it can only occur in one direction.
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Figure 2.19: Twin types; (a) twin of the first kind (Type I), (b) twin of the second kind (Type II) and
(c) comparison of the lattice rotations in twins of the first and second kind.
Twinning in Austenite
In Section 2.2.2 we have already stated that the close-packed plane in the f.c.c. structure is the
{111} family of planes which has a stacking sequence of ABCABC. The three possible positions
for the stacking of the planes can be seen in a schematic illustration of the {111} plane, namely
A, B and C, Figure 2.20. Here the Burger’s vector, b, of a lattice dislocation equal to
aγ
2 〈110〉 is
also illustrated. It can be seen from Figure 2.20 that b can dissociate into two partial Burgers
vectors i.e. bp1 and bp2 along the 〈112〉 directions. This dissociation can be represented with
the following dislocation reaction:
aγ
2 [1 1 0] → aγ6 [1 2 1] + aγ6 [2 1 1¯]
The process occurs because there is a reduction in energy, i.e. |bp1|2 + |bp2|2 <|b|2 [79]. Thus,
the compounds of bp1 and bp2 which are parallel to b, repel each other. This creates a stacking
fault between them [77]. The stacking fault energy per unit area exerts an attractive force
between the partials causing an equilibrium separation between them, where the forces balance.
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Figure 2.20: Schematic representation of the {1 1 1} plane, showing possible stacking locations and the
dissociation of Burger’s vector, b into two partials vectors, bp1 and bp2.
When the stacking fault widths are within a specific range, twinning is promoted. The sequential
movement of closed packed layers can thus lead to the formation of a twin.
From an energy view point, movement along the opposite direction of bp1 is unfavourable be-
cause the translation required would be -2bp1 and would result in doubling the shear. This
consequently means that the twinning direction is polarised. Therefore, on each {111} plane,
only three out of the six 〈112〉 directions can be twinning directions. Hence, only 12 twinning
systems exist in f.c.c. crystals.
2.3.3 Mechanisms of Twin Nucleation and Growth
It is generally accepted that deformation twinning is a process which proceeds via a dislocation
mechanism [39]. The source of the dislocations can be coupled into two types: (i) prismatic [80]
and (ii) glide [70; 81–83]. The prismatic sources stem from situations where the Burgers vector of
the original dislocation is not found in the twin plane, while for glide situations the Burgers vector
is found to lie in the twin plane. Although it is agreed that twins form from dislocations, there is a
lack of agreement regarding the dislocation reactions at the beginning of twin nucleation. Several
mechanisms for deformation twinning in f.c.c. materials have been proposed. A common feature
of all the mechanisms is that they involve the dissociation of b = a2 〈110〉 type glide dislocations.
Consequently, the proposed twin nucleation and growth mechanisms can be further categorised
into three sub groups depending on the nature of the dissociation mechanism, i.e. formation
through a pole mechanism, deviation process or nucleation via the formation of stacking faults.
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Pole mechanism model
The pole mechanism was proposed by Venables [80; 84]. This model suggests that prismatic
glide sources can dissociate due to the influence of a stress into a Frank partial dislocation, i.e.
a pole dislocation, of type a3 〈111〉 and a Shockley twinning partial of type a6 〈2¯11〉, Figure 2.21.
Utilising Thompson’s notation for describing dislocation (Figure 2.3) reactions. Let us consider
a dislocation with Burgers vector AC. This lies in plane b, except for a long jog in the dislocation,
N1N2, which lies in plane a, Figure 2.21(a). A section of the dislocation in plane a is able to
split into a Shockley and Frank partial, i.e.
AC = Aα+ αC (2.37)
Under the application of a stress, the glissile Shockley partial (αC) trails apart from the sessile
Frank partial (Aα) by gliding on plane a. This action leaves behind an intrinsic stacking fault,
Figure 2.21(b). Once this unstable semicircular arrangement is attained, the Shockley partial
winds downwards around N1 and N2, Figure 2.21(c). In this configuration, the two portions of
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Figure 2.21: Prismatic glide mechanism for twinning in f.c.c. proposed by Venables [84].
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the αC partial dislocation that define the fault meet along RS. This occurs at a space of only
one interplanar distance. The two segments of αC are opposite since they are no longer parallel.
Therefore, a large stress would be needed to move them past one another. It should also be
noted that the right hand portion of the partial has shifted downwards while wrapping itself
about the pole dislocation, this has a Burgers vector of -αC. Conversely, the upper portion has
a Burgers vector of +αC.
Venables suggested that the end portion of the Shockley partial (αC) reconnects with the Frank
partial (Aα) along the line RN2. The combined dislocation (Burgers vector AC) subsequently
glides to the following plane (α) and the dissociation process is repeated. When this secondary
fault layer grows, two opposite sections of its twinning partial will meet once again on succeeding
planes along RS. However, they will now be moved by one plane with respect to the previous
fault. One of the new segments will subsequently annihilate the twinning partial abandoned by
the growth of the initial faulted layer. Therefore, the two layers will now be joined, forming a
continuous fault, i.e. a twin nucleus, Figure 2.21(c-e). The final configuration, as represented
in Figure 2.21(e), is now a double helical layer of fault. This fault is stopped by twinning
partials, SRN1 and SRN2, at a distance of two atomic layers. The amalgamation and glide can
be illustrated by the action of a dislocation source T2 (an equal source operates at the node
N1). Cross-slip can occur via the development of a unit jog which glides along the amalgamated
dislocation from N2 to R. Thus, a repetition of this operation will lead to a twin bounded by
a helical twinning dislocation that has opposite sections parallel to RS on the upper and lower
surfaces.
According to the pole model, when a critical separation is achieved between the two partials,
they will be able to pass each other under the influence of a static stress field. Thus, the twin can
grow further solely by the pole mechanism, Figure 2.21(e). Venables has also suggested that a
twin can thicken through the interaction of Shockley partials [85]. In this situation the Shockley
partial dislocations in the twin plane interact during their transit with perfect dislocations in
the bulk. This forms a number of Frank dislocations that lie at the interface plane. These are
known as ‘secondary polar sources’. The Venables model can be described as by the following
dislocation reaction:
a
2
[1¯01¯](111¯) +
a
6
[121](11¯1) →
a
3
[1¯11¯]sessile (2.38)
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Deviation process model
Cohen and Weertman [81] suggested that the separation of a perfect dislocation into a sessile
Frank partial screw dislocation and a glissile Shockley partial could occur when meeting a blocked
pile-up of dislocations, e.g. a Lomer-Cottrell barrier [16]. The subsequent glide of the Shockley
partials on converging {111} planes produce overlapping intrinsic faults, thus creating a twin.
Consider a dislocation pile-up that has arisen due to a Lomer-Cottrell lock, Figure 2.22(a).
Here a2 [101¯] dislocations which are on the (111) plane split into two mobile Shockley partials,
i.e. a6 [112¯] and
a
6 [21¯1¯]. Conversely, on the (111¯) plane the
a
2 [011] dislocations split into
a
6 [112] and
a
6 [1¯21] Shockley partials. It is also possible for the
a
2 [011] dislocations to split into
a
6 [2¯11] mobile
Shockley partials and a3 [111] Frank sessile partial dislocations. One can initially assume that
this reaction will not occur since the dislocation energy remains unchanged, while a dissociation
into Shockley partials will lower the total energy. However, nearer the tip of a pile-up the
dislocations will be pushed close together. Therefore, two Shockley partials will be brought
closer. Consequently, a dissociation into a Shockley and Frank partial is now possible, because
the stress near to the tip of the pile-up is such that it can remove a Shockley partial away from
its Frank partial. Thus, a single stacking fault can be created.
Cohen and Weertman presumed that a significant quantity of dislocations will dissociate and
hence form a substantial number of stacking faults, Figure 2.22(b). It should also be noted that
(111)
(111)
b1 = a/6 [112] + a/6 [211]
a/6 [112] + a/6 [121] = b2  
b = a/3 [111]
a/6 [211]
Barrier
(a)
(111)
(111)(b)
Figure 2.22: Schematic representation of the dissociation of dislocations due to a pile-up on the (111)
and (111¯) planes (a) and formation of a twin through the dissociation of many pile-ups on nearby slip
planes (b).
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∼3×107 stacking faults are required in a 1 cm thick crystal to form a perfect twin [81]. Therefore,
considering the high quantity of dislocations present in a cold worked metal for example (∼109
- 1011 dislocations per cm2 [81]), a minor amount of the available dislocations need to dissociate
into Shockley and Frank partials in order to create a twin. The dissociation proposed by Cohen
and Weertman can thus be represented by the following reaction:
a
2
[101](11¯1¯) →
a
6
[121](11¯1) +
a
3
[11¯1]sessile (2.39)
here one sessile Frank partial is formed for every Shockley partial produced.
Fujita and Mori [82] have proposed a conceptually similar model to that of Cohen and Weertman.
This model is known as a ‘stair-rod cross slip’ mechanism. The model presumes that the cross
slipping of the Shockley partial dislocations occurs in an ordered sequence creating an almost
perfect twin. Here a slip dislocation in the initial slip plane is considered to be blocked by an
obstruction. This occurs along a direction, e.g. DC which is at a 60 ◦ orientation to its Burgers
vector, AC. Consequently, a Shockley partial (αC) can cross slip and create a broad stacking
fault on the adjoining plane, which also leaves a Frank partial along DC. The Frank partial
will subsequently dissociate to form a Shockley partial on the primary plane in addition to a
stair rod dislocation along the junction, at low stacking fault energies. The Shockley partial
on the conjugate plane leaves a wide stacking fault. However, unlike the Venables model it is
not considered to encircle around the remaining segments of the initial dislocation. The fault
is assumed to simply move apart from the stair rod dislocation. As a result, it is thought that
successive slip dislocations subsequently pile-up behind the barrier. Thus, further cross-slip in
a similar manner occurs onto successive adjoining planes, allowing the formation of a thin twin.
The deviation process models require multiple dislocation glide and large stress concentrations
to initiate the dislocation dissociations in the twinning plane. For example each glide dislocation
will only be able to cross slip once it has been coerced onto the subsequent atomic plane. This
will be at a separation of a√
3
away from the Frank partial that has been left in the wake of the
previous dislocation. Consequently, the stress needed to accommodate this close approach will
be very high.
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Stacking fault model
Based on testimony that twinning in f.c.c. crystals does not occur until the co-planar slip vector
is initiated on the first plane [86], Mahajan and Chin [83] proposed a model based on the division
of two co-planar perfect dislocations into three Shockley partials. This occurs on three sequential
adjoining close-packed planes. As a result an extrinsic stacking fault arrangement is achieved
which acts as a three layer embryo for a twin. A macroscopic twin then forms from these nuclei,
which are distributed on various levels within the nearby slipped area, by growing into each
other.
Let us consider a reaction between dislocations on the elementary system, with Burgers vector
BC, and dislocations on the co-planar system with vectors DC. This results in the formation of
three Shockley partials, i.e.
BC +DC = 3αC (2.40)
these partials are then redistributed on consecutive planes to form a three layer fault.
According to Frank’s rule, the general reaction (Equation 2.40) should be energetically acheiv-
able, although the cooperation of two 12〈110〉 lattice dislocations may need an initial energy
increase [39]. However, the above reaction is also naturally repulsive, Figure 2.23. Consider a
scenario with two dislocations, DC and BC, gliding on the same mutual plane, e.g., plane a.
These are dissociated intrinsically into the Shockley partials αC, Dα and αC, Bα, Figure 2.23(a).
Since reaction 2.40 is repulsive in nature, it can be assumed that it does not occur because the
partial Bα of the dislocation BC interacts repulsively with αC of DB. Thus suggesting the reac-
tion can only occur under high stress concentrations. However, in a separate study, Mahajan [87]
determined that the reaction in fact takes place readily. Thus, Mahajan [87] proposed a solution
to this disagreement. Imagine a scenario where a constriction, DC is introduced, Figure 2.23(b).
This narrowed section consequently separates such that the leading and trailing partials swap
position and αC trails behind Dα. Therefore, resulting in the creation of an anomalous fault.
This fault can subsequently be transformed into an extrinsic fault if more dissociations, i.e.
Dα→ αB + αC and αC → Dα + Bα, are assumed to occur, Figure 2.23(c). The partials, αB
and Bα will annihilate each other, thus leading to the configuration shown in Figure 2.23(c)
where the Burgers vectors of the partial bounding the left interface summate to αC. These
configurations were first observed by Gallagher [88] and he described them as fault-pairs. It
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should be noted that for the abnormal fault to transform into an extrinsic fault requires the
rearrangement of atoms within core segments of the dislocation. Mahajan and Chin [83] in
their model postulated that these fault-pairs are transformed into three layer twins. However,
the authors did not propose a mechanism for this. Subsequently a micro twin is formed via
the agglomeration of the three layer twins over many levels inside a microslip band. Recently,
Mahajan [89] has suggested that a transformation need not occur, and a twin can form directly
from fault-pairs also. An example of a dislocation reaction according to the model proposed by
Mahajan and Chin on the (11¯1) plane, for example, is:
a
2
[011](11¯1) +
a
2
[1¯01](11¯1) → 3×
a
6
[1¯12](11¯1) (2.41)
DC
Dα αC
Bα αC Bα αC
Intrinsic
fault
Intrinsic
fault
Dα Bα
αC αC
Dα αC Bα αC
Dα αC
Bα αB Bα αC
Dα αC
Bα αC
Dα αC
αC = Dα + Bα Dα = αB + αC 
Extrinsic fault Fault-pair
(a)
(b)
(c)
Figure 2.23: Schematic representation of the formation of a fault pair in f.c.c. as proposed by Mahajan
and Chin [83].
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Mechanisms in TWIP steels
Bracke et al. [90] have studied the mechanisms operating during deformation twinning in a
TWIP steel based on the amplitude of calculated Schmid factors. These observations were then
verified using TEM. The authors reported that their observations were in concurrence with the
twinning model developed by Mahajan and Chin [83]. However, Idrissi et al. [16] disagree with
this observation. Here the authors investigated the extended defects relating to the twinning
mechanism utilising TEM. According to their observations, Idrissi et al. [16] concluded that twin
nucleation is attributed to the deviation model proposed by Cohen and Weertman [81], while
twin growth is regulated by the pole mechanism developed by Venables [84].
2.3.4 Material Influence on Twinning
The critical resolved shear stress (CRSS) relationship for slip in metals is well developed [91].
This law suggests that a metal will yield macroscopically when the external stress resolved in the
slip plane and direction surpasses a critical value. When deformation twinning is resultant of an
applied stress, it is apparent the external forces contribute to the development of the twin, i.e.
the shear stress in the twinning plane and resolved in the twinning direction is positive. Since
twinning is polarised, a reversal of η1 will not facilitate twinning. Consequently, an obvious
hypothesis may be made on the existence of a critical shear stress for twinning. This means
that twin nucleation or enlargement happens when the external shear stress across the K1 plane,
resolved in the η1 direction, achieves a critical value, akin to Schmid’s law for slip. Previous
studies have indeed provided evidence on the existence of a critical resolved shear stress for
twinning [39].
Based on the twin nucleation and growth models described in Section 2.3.3, it is apparent that
the local stress required to nucleate a twin will be considerably higher, although, growth can
initiate at stresses that are a portion of the nucleation stress [73]. Nonetheless, determining the
stress needed to nucleate a twin is extremely arduous [39]. Consequently, a number of relation-
ships have been proposed for calculating the twin stress [74; 92; 93]. However, experimentally
determined values for the twin stress may be considered to actually be the stress required to
initiate twin growth, while assuming twin nuclei (e.g. stacking faults) are already present in the
material. Despite the determination of a twin stress being difficult, many variables still have an
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influence on the twinning behaviour and consequently the initiation of twinning, i.e. essentially
the twin stress.
Effect of Temperature and Strain Rate
Bolling and Richman [94–96] have reported that there is a steady decrease in the twinning
stress with rising temperature. In their review of deformation twinning in metals, Mahajan and
Williams [97] report that the twin stress only has a slightly positive temperature sensitivity.
In addition, Christian and Mahajan [39] suggest that low stacking fault energy metals at low
temperature may exhibit localised twinning on a very fine scale. This will result in the almost
homogenous deformation at the limit being indistinguishable from the numerous formation of
individual faults. However, Venables [98] concluded after critical analysis of existing data on
f.c.c. metals that there was insufficient evidence available on the influence of temperature on
the twin stress. Thus Meyers et al. [73] in their investigations decided to treat the critical twin
stress as being independent or having a very low sensitivity to temperature.
Strain rate and temperature influences in materials science are often grouped together using an
Arrhenius type relationship. Thus, if a change in a material property due to temperature is
observed, one would expect the same property to display a similar sensitivity to the imposed
strain rate. Some f.c.c. metals have been observed to deform solely via twinning under severe
shock loading conditions [39]. In addition, high stacking fault metals, such as, aluminium alloys
which do not display deformation twinning under normal loading conditions have been observed
to twin readily under shock loading conditions. However, it must be noted that the effect of
strain rate on the critical twin stress in f.c.c. metals has received very little attention.
Effect of Grain Size
Twinning has a large grain size dependence, and in most situations a Hall-Petch type expression
is followed
σT = σT0 +KTd
− 1
2 (2.42)
where σT is the twin stress, σT0 is the twin stress in a single crystal, KT is the Hall-Petch
constant for twinning and d is the grain size. Meyers et al. [73] have noted that the slope KT is
greater than the equivalent value for slip in most metals. It is believed that this is due to the fact
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that twinning is affiliated with microplasticity, i.e. dislocation activity taking place before the
initiation of generalised plastic deformation. In comparison, slip is associated with generalised
plastic deformation. Gutierrez-Urrutia et al. [74] have investigated the effect of grain size on the
twin stress in a TWIP steel and concluded that a larger grain size favours a lower critical twin
stress according to a Hall-Petch type relationship.
2.4 Lattice Strains and their Measurement
2.4.1 Introduction
Macroscopic material properties such as tensile strength and ductility are all fundamentally due
to a material’s behaviour at the microscopic grain level. The action of deforming a metal results
in the development of internal stresses within the material which may not be homogeneous.
This can occur over the scale of the component (macrostresses), at the microstructure scale
or at the crystal structure level (microstresses). The microstresses can be categorised into two
distinct groups; (i) intergranular microstresses: these occur at the microstructure scale (micro-
scale), due to anisotropy between the orientation of neighbouring grains for example, and (ii)
intragranular microstresses: these occur within grains at the crystal lattice scale (nano-scale),
due to variables such as dislocations or twinning. The overall macroscopic response of a metal
subject to deformation is thus due to the combined effects of these microstresses.
2.4.2 Lattice Strain
The development of intergranular microstresses can be appreciated by considering a simple
uniaxial tensile test. During deformation singular crystallites within the material will present
different elastic stiffnesses. These arise because of the crystallite’s inherent anisotropy and
orientation relative to the applied stress field. Consequently, during loading, the majority of the
external load will be accommodated by grains whose orientations make them the most elastically
stiff. The lattice strain reaction in the tensile direction for an idealised, elastically anisotropic
f.c.c. material is schematically illustrated in Figure 2.24. The stiffnesses measured in the elastic
regime are known as diffraction elastic constants (DECs).
The initiation of microplasticity and the stress at which the critical resolved shear stress (CRSS)
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Figure 2.24: Schematic representation of the lattice strain response in the loading direction to an
applied load for grains orientated in the {111}, {220} and {002} lattice planes for an f.c.c. metal.
Residual microstrains are also identified. Figure adapted from [99].
for a particular deformation mechanism, e.g. slip or twinning, is dictated by the orientation of
the grains. This will produce yielding in groups of grains that are orientated alike. Since the
load at which the CRSS is achieved varies strongly with the orientation of specific crystallites,
so will the sequence in which the grains yield.
Let us consider the scenario of slip occurring in the material. Once slip is initiated in a certain
family of grains that are orientated similarly, any subsequent deformation is sustained plastically
with little rise in the stress of that grain. Consequently, a larger degree of the load will now be
transferred to those grains that have not yielded. Therefore, the lattice strain reaction to the
external load will no longer be linear, Figure 2.24. Thus, grains that have yielded will now show a
negligible increase in the lattice strain compared to those that have not. A large increase will now
be exhibited in the currently unyielded grains. The difference between the loads accommodated
by grains that have yielded compared to the one that have not will continue with further loading
until slip has been triggered in all the grains. Once this occurs, the gradient of lattice strain
reaction to the applied load will return to, or close to, the initial gradient exhibited prior to
the onset of plasticity. Furthermore, unloading will give rise to the development of residual
microstrains, as indicated by ∆εhkl, in Figure 2.24. The lattice strain response to twinning
is different compared to that of slip. It has been reported that twinning produces substantial
inflections in the lattice strain response. Here the lattice strain accumulation is reported to
abruptly decrease and then increase once again. Such behaviour has been observed in h.c.p.
metals [100].
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2.4.3 Measuring Lattice Strain
The measurement of lattice strains requires an experimental technique that is capable of mea-
suring minute changes in the distance between adjacent planes in a crystal lattice. This can
typically be achieved by employing diffraction based methods, such as X-ray or neutron diffrac-
tion. These methods rely on using the interplanar spacing in the crystalline material as a strain
gauge.
Diffraction refers to various situations that take place when a wave meets an obstruction. This
results in a change in the wave’s direction of travel due to the interaction with objects in the
wave’s path. Diffraction effects are most prominent when the wavelength (of the wave) is com-
parable to the size of the object. The discernible effects of diffraction arise due to interference.
Therefore, when two waves combine, their amplitudes will either sum or they will cancel each
other out, depending on their relative phase difference. This produces a diffraction pattern when
the phase difference is positive, i.e. constructive. This phenomenon occurs when an X-ray beam
is incident on a crystal lattice at an angle, θ, because the X-ray wavelength, λ, is comparable to
the lattice spacing, d. Thus, when the X-ray beam falls onto an atom, two process may occur:
(i) the beam will be absorbed and electrons will be ejected from the atom or promoted to higher
energy orbitals, or (ii) the beam will be scattered. When the X-rays are scattered, they interact.
This interaction will be constructive when the phase difference between the waves is a multiple
of 2θ, i.e.
nλ = 2d(hkl) sin θ (2.43)
where n is an integer denoting the order of the reflection, d(hkl) is the interplanar lattice spacing
and θ is the diffraction angle. Equation 2.43 is known as Bragg’s Law, and is schematically
illustrated in Figure 2.25.
It is important to note that Bragg’s law does not measure the atomic distance in real space, but
in reality it is measuring reciprocal space. This is because the term nλ is defining the number
of wavelengths between multiple rows of atoms.
Thus, from the viewpoint of a crystal structure, each crystal has two associated lattices: the
crystal lattice and the reciprocal lattice. A diffraction pattern is a representation of the reciprocal
lattice and the reciprocal lattice vector, G, determines the possible reflections [101].
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Figure 2.25: Schematic representation of Bragg’s law illustrating (a) constructive and (b) destructive
interference.
The structure factor, F (θ), provides a depiction of how a certain material will scatter incident
radiation. This is particularly useful in the evaluation of interference patterns since it provides
the amplitude dependence on the scattering vector, K, and angle, θ. Therefore, equating the
lattice vector and scattering vector, i.e. G = K, the values for specific lattice points can be
obtained using the following relationship:
Fhkl = FG =
∑
i
fi(θ) exp(2piiGri) (2.44)
where ri is the position vector of atom i, with an average scattering length of fi(θ).
The lattice points in the f.c.c. crystal structure are located at (0,0,0), (12 ,
1
2 ,0), (0,
1
2 ,
1
2) and
(12 ,0,
1
2). Therefore inserting these values into Equation 2.44, reveals that Fhkl is equal to zero
when h, k, l are a combination of odd and even integers. These are known as systematic absences.
Consequently, structure factor analysis reveals that in the case of an f.c.c. crystal, reflections
are only observed when hkl are either all odd or even, e.g. (111), (200), etc.
During the loading of a material the lattice spacing, d, will inevitably change. This will produce
a shift in the position of the Bragg reflection which can be visualised in the diffraction spectra.
It is thus possible to determine the elastic strain in the grains with relation to a measured stress
free lattice parameter, d0, according to the following relationship:
εhkl =
dhkl − dhkl0
dhkl0
(2.45)
Since only grains that are in orientations that meet the rule of Bragg reflection will add to the
detected reflection, the measured strain will be characteristic of the average strain encountered
by the sampled grains.
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It is possible to investigate lattice strain evolution during loading, using X-ray or neutron diffrac-
tion. However, one must consider the subject material’s capability to scatter neutrons. Further-
more, neutrons generally interact weakly with matter. Thus, for experiments being conducted
over short time intervals, neutron diffraction may not generate sufficient data to produce a
diffraction spectrum. A key advantage of using X-ray diffraction to investigate lattice strain evo-
lution is the ability to generate a large X-ray flux (using a synchrotron). This allows diffraction
spectra to be generated quickly compared to neutron diffraction. The large X-ray flux required
for in-situ diffraction studies can be produced using a synchrotron [102]. This is utilised in the
present work.
Elder et al. [103] first detected synchrotron radiation in 1947 in the form of visual light from a
70 MeV synchrotron. During the use of early particle accelerators it was also found that electrons
could generate photons without a collision occurring, because the magnetic field used compelled
the electrons to travel in a circular manner about the magnetic field lines, hence forming the
basis of an X-ray synchrotron.
In the synchrotron, very high intensity X-ray beams, approximately 100 - 10,000 times more
intense than the Kα1 radiation from laboratory X-ray tubes, are produced [104]. Electrons
are confined to travel in a near circular path in a storage ring by magnets placed at regular
intervals while travelling at relativistic velocities. The synchrotron radiation is produced due
to a continuous inward radial acceleration of the electrons which are eventually outputted from
the ring tangentially, covering a wavelength between infrared and very short X-ray wavelengths.
This radiation then passes through a crystal monochromator which is set to reflect the specific
wavelength required. The X-rays are produced using bending magnets which force the straight
beam around gentle corners, thus maintaing a closed loop. More recently, insertion devices have
been used to generate the X-rays. An insertion device utilises an array of magnets with a certain
pole arrangement. This can be introduced into the linear segments of the storage ring to create
more intense, tuneable light. Insertion devices are available in two main forms: (i) wigglers
and (ii) undulators. A wiggler causes the electron beam to travel in a zigzag path, resulting in
high energy X-rays spanning a broad spectrum. An undulator produces a very intense light in
a thin beam. Therefore, by varying the distance between the magnetic arrays one can tune the
undulator, consequently defining the required X-ray energy.
The advantage of synchrotron radiation apart from the higher intensities is that the monochro-
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mator can be modified to reflect X-rays close to or away from the absorption edge, thus max-
imising or minimising the effects of anomalous absorption. This is not possible using an X-ray
tube where the Kα1 wavelength is restricted to that of the anode element [104]. Furthermore,
the radiation from a synchrotron is wholly polarised in the plane of the storage ring.
During testing a sample is placed onto a load rig and the narrow monochromatic X-ray photons
are aligned and focussed onto the sample. The diffraction pattern for planes obeying the Bragg
condition are then recorded using a charge coupled device (CCD) camera. The camera is able to
record the reflections in the whole of reciprocal space. The CCD camera records the diffraction
patterns as a series of concentric Debye-Scherrer rings which change during loading, Figure 2.26.
SampleIncident X-ray
beam
Diffracted X-ray
Cones
Area Detector
Debye-Scherrer
Diffraction rings
Vertical 
Slit
Horizontal 
Slit
Diode
Monochromator 
Chamber
Figure 2.26: Schematic representation of experimental setup for conducting X-ray synchrotron diffrac-
tion experiments.
2.5 Crystallographic Texture
2.5.1 Introduction
The determination of preferred orientations of constituent crystallites in polycrystalline mate-
rials is referred to as texture analysis. Material properties depend on those of their constituent
crystallites. Some of these properties are also strongly orientation dependent. Thus, the crystal-
lographic orientation of the crystallites within the polycrystalline aggregate, i.e. the texture, has
a crucial role in defining the behaviour of a material. In a material with a random texture, the
individual crystals have an independent orientation and an equal distribution of crystal orien-
tations exists within the material. However, when a material is textured, the orientation of the
grains are aligned towards a certain direction. This leads to preference for certain orientations
which will ultimately influence material properties.
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2.5.2 Texture Representation
The representation of crystallographic texture can be quite complex. A common method for
representing material textures is using pole figures (PFs). These are stereographic projections
that illustrate the distribution of particular crystallographic directions within the assembly of
grains constituting the sample. Pole figures possess a high level of quantitativeness in represent-
ing the texture of a material, however, they do not provide a full mathematical representation
of the preferred orientations. Thus, a fully descriptive method for representing texture is given
by orientation distribution functions (ODFs). In an ODF every point in the orientation distri-
bution signifies a certain orientation component. An ODF can be utilised to determine material
properties because some properties are dependent on the full orientation characterised by all
three Euler angles that are used to calculate it. An ODF can also be used to determine texture
components and calculate volume fractions. Consequently, a PF is a projection of the data
contained in the orientation distribution, where integration through a line in the ODF can be
conducted to determine the intensity on a PF.
The Euler Angles and Euler Space
The orientation matrix which defines the location of the crystal coordinate system in relation
to the specimen coordinate system, and the ideal orientation notation (i.e. Miller indices) both
account for and define the orientation. This is because only three variables are required to
define an orientation. A well founded way of representing these three values is through the
Euler angles. Euler angles exist in a coordinate system that is referred to as Euler space.
The Euler angles specify three rotations that, when mapped in the appropriate order, will
transform the sample coordinate system onto the crystal coordinate system. Thus defining an
orientation, g. A number of possible conventions normally used to define the Eulers angles exist.
The most commonly used convention is the one proposed by Bunge [105]. Here, the three Eulers
angles (ϕ1, Φ, ϕ2) describe the three rotations required to bring the sample reference frame (S)
into coincidence with that of the crystal (C).
Let us consider a simple cubic system. The three rotations required to bring the sample and
crystal reference frames into coincidence is illustrated in Figure 2.27 and are as follows:
2.5. Crystallographic Texture 55
1. rotation around ZS (ϕ1): this brings XS onto the XC - YC plane.
2. rotation around X’S (Φ): this brings Y’S onto the XC - YC plane, and makes Z’S parallel
to ZC.
3. rotation around Z’S (ϕ2): this brings X’S and Y”S parallel to XC and YC with Z’S also
parallel to ZC.
The Euler angles are periodic, with period 2pi, thus, it holds that
g{ϕ1 + 2pi,Φ + 2pi, ϕ2 + 2pi} = g{ϕ1,Φ, ϕ2} (2.46)
Therefore, in the most common case, the Euler angles are specified to be within the range of 0 ◦
≤ ϕ1, ϕ2 ≤ 360 ◦ and 0 ◦ ≤ Φ ≤ 180 ◦.
Alternative Euler angle conventions include those proposed by Roe (Matthies) [106], (Ψ, Θ, Φ),
and Kocks [107], (Ψ, Θ, φ). The differences in these conventions lie in the choice of the rotation
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Figure 2.27: Schematic definition of the Euler angles, illustrating the three rotations required to bring
the sample (S) and crystal (C) coordinate reference frames into coincidence.
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axes and the sense of rotation. The equivalence between the two conventions and that proposed
by Bunge can be described as follows:
Bunge - Roe (Matthies):
ϕ1 = Ψ +
pi
2
Φ = Θ, ϕ2 = Φ− pi
2
(2.47)
Bunge - Kocks:
ϕ1 = Ψ +
pi
2
Φ = Θ, ϕ2 =
pi
2
− φ (2.48)
An orientation that is resolved in terms of Euler angles can also be unequivocally represented
as a point in a 3-dimensional coordinate system whose axes are spanned by the three Euler
angles. This is referred to as Euler space. Euler space is the orientation space most often used
to display macrotextures and can also be employed to show individual orientations in addition
to orientation distributions. The range of the Euler angles, (ϕ1, Φ, ϕ2) is influenced by the
sample and crystal symmetries.
Different sample symmetries influence the range of the angle ϕ1. For example, a sample with
no symmetry, i.e. triclinic, the full range 0 ◦ ≤ ϕ1 ≤ 360 ◦ is needed to illustrate all achievable
orientations in the material. However, if we consider a sample deformed through rolling, one
would expect two mirror planes to be present, i.e. one in the rolling direction and one in the
transverse. Thus, in this orthonormal sample symmetry condition the range of ϕ1 is condensed
to one quarter, i.e. 0 ◦ ≤ ϕ1 ≤ 90 ◦.
Similarly, crystal symmetry lowers the size of the Euler space by affecting the amplitude of the
angles Φ and ϕ2. In a sample possessing an n-fold symmetry axis, the Euler space is reduced
by a factor of n. Thus, the Euler angles (ϕ1, Φ, ϕ2) and (ϕ1, Φ, ϕ2 ± 360 ◦/n) are equivalent.
For example, in a trigonal crystal which has a three-fold axis, the Euler space is condensed by a
factor of three. Consequently, an angle range of 0 ◦ ≤ ϕ2 ≤ 120 ◦ is enough to show all attainable
orientations. An additional two-fold symmetry or mirror planes will reduce the range of Φ, from
180 ◦ to 90 ◦.
Pole Figures and Orientation Distribution Functions
A pole figure allows the orientation of a given lattice plane normal (pole) with respect to the
sample reference frame to be plotted. Contemplate a plane (hkl) in a certain crystallite within a
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Figure 2.28: Schematic representation of the basis of a pole figure.
sample. To develop the pole figure, the direction of the plane normal is transmitted onto a sphere
encompassing the crystallite. The location of a certain pole on the sphere is thus characterised
in terms of two angles, namely, α and β. The angle α describes the azimuth of the pole, while
β characterises the rotation of the pole about the polar axis, Figure 2.28.
A pole figure is obtained by determining the diffraction intensity of a specific reflection at a fixed
2θ. This is conducted over a broad amount of angular orientations of the sample. Subsequently,
a contour plot of the intensity is calculated as a function of the angular orientation where the
intensity of a specific reflection will be commensurate to the quantity of hkl planes that satisfy
the reflecting condition. Thus, a pole figure describes the possibility of discovering an (hkl)
plane normal, as a function of the specimen orientation. Pole figure (i.e. spherical) projections
are usually described using a stereographic, equal area or equal angle projection.
The projection of a 3-dimensional orientation spread onto a 2-dimensional projection plane will
inevitably result in the loss of information. Hence, although a pole figure possesses a level of
quantitativeness, a full mathematical representation of the texture is not obtained. For this
reason, an orientation distribution function (ODF) is required [108]. The ODF can be best
described as a probability density function of orientations, g, expressed in the form of the three
Euler angles. Thus, a general orientation, g can be represented as a function, f(g), describing
the ODF. The volume fraction of orientations within a specific region of orientation space, ∆Ω,
can thus be defined as:
∆V
V
=
∫
∆Ω f(g)d(g)∫
Ω0
f(g)d(g)
(2.49)
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where Ω0 is the total volume fraction of the orientation space being investigated. The ODF is
able to provide a wholly quantitive description of the texture in a material.
An ODF is usually represented graphically in the form of Euler sections. These are obtained by
projecting the three Euler angles onto right angle coordinate axes, however, this also distorts
the spherical orientation space.
The pole figure and the ODF are related. This is because a pole figure is determined by
integrating the orientation distribution through a specific path that corresponds to a rotation
of the crystal around its pole. Thus the pole density from crystals is given by:
P(hkl)(α, β) =
1
2pi
∫ 2pi
0
f(ϕ1,Φ, ϕ2)dΓ (2.50)
where Γ is the path through the orientation distribution. It can be seen from Equation 2.50 that
the pole figure value at any point is determined by simply integrating the orientation distribution
through a path that corresponds to a 2pi rotation of the crystal around the diffraction vector.
Thus, the pole figure can be considered to be the projection of the orientation distribution
function along this path.
Texture Index
It is often useful to know how strongly a material is textured without the need to consider the
details of that texture. This can be achieved using the texture index [105]. The texture index is
the mean square value of the orientation distribution function and can easily be computed from
the orientation distribution data. A material that has a random texture will have a texture
index equal to one while textured materials will have a higher index. A common method to
define texture is to use the texture index term, J [109]. Thus, the ‘texture strength’, which is
also used to characterise a texture is simply J
1
2 .
2.5.3 Measuring Texture
Macro and microtexture measurements can be made using a range of techniques including; labo-
ratory based X-ray diffraction (XRD), electron backscatter diffraction (EBSD) and synchrotron
X-ray diffraction (sXRD).
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The XRD technique consists of tilting the material to be investigated between a specific range,
typically 0 - 80 ◦, at each crystallographic plane satisfying the Bragg condition. The sample is
also rotated between 0 - 360 ◦ with measurements being conducted at typically 5 ◦ intervals for
each rotation and tilt. Thus, the intensity measured at a specific sample orientation is com-
mensurate to the volume fraction of crystallites. Two methods of analysis can be implemented.
For thick samples with a flat plane the X-rays are reflected (reflection technique) and for thin
samples the X-rays can penetrate (transmission technique). Once the data is collected, it can
be reconstructed onto equal area projection pole figures or ODFs using an appropriate software
package for post-processing.
Local orientations can be determined using a scanning electron microscope (SEM). Here, interac-
tion of the electron beam with the surface layer of the material results in two types of diffraction
pattern, i.e. electron channeling patterns and electron backscatter patterns (EBSPs). An EBSP
is generated in an analogous way to Kikuchi patterns in a transmission electron microscope with
the difference in the case of an SEM being that the electrons leave the crystal in the opposite
direction to the incoming beam. The EBSPs are recorded on a phosphor screen and the angle
between the Kikuchi bands (and sometimes their width) and the band intensities are used to
index the pattern based on parameters defining the crystal structure. This process is automated
and fast when using appropriate software. Although the EBSD technique measures the local
microtexture, if one scans a sufficiently large area while also sampling an acceptable number of
grains (typically a minimum of 1000 grains), the macrotexture can be determined.
An introduction to the generation of X-rays using a synchrotron has been provided in Sec-
tion 2.4.3. Using monochromatic radiation it is possible to generate Debye-Scherrer patterns
from a polycrystalline volume. Thus, it is possible to determine texture information from the
Debye-Scherrer rings.
Diffraction from a powder specimen with a random texture will produce a set of homogeneous
concentric Debye-Scherrer patterns that are connected to the different reflecting lattice planes
(hkl). However, if the sample is strongly textured, the rings will show intensity variations that
are representative of the texture of the sampled volume. Therefore, after appropriate intensity
corrections are made for the instrument, the texture can be determined from the examination of
the intensity changes along the Debye-Scherrer patterns using appropriate analysis, e.g. using
Rietveld refinement.
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2.6 Materials Under High Rate Loading
2.6.1 Introduction
Stress-strain measurements of materials at conventional strain rates, to investigate dependen-
cies in the deformation behaviour have always posed a concern regarding the association of such
measurements with the higher strain rate properties of the exact material. The fact that a ma-
terial’s properties during impact disagreed from those produced during static loading conditions
was first elucidated through research conducted by J. Hopkinson [110]. This was followed up by
his son B. Hopkinson who further communicated that the shape of pulses generated by bullets
bombarded onto a metallic target differed from those produced by explosive detonators [111].
In determining the strain rate sensitivity of a material, numerous techniques are employed such
as screw-driven or servo-hydraulic machines for the quasi -static regime, Split Hopkinson Bar
(SHPB) or Kolsky bar measurements for intermediate strains i.e. 102 − 104 s−1 and pressure-
shear-loading through oblique impact for higher strain rates i.e. 105 − 106 s−1.
At high strain rates, additional deformation features become important in understanding the
deformation behaviour of the material, such as deformation twinning and adiabatic shear band-
ing. In addition, the dynamics of dislocation movement change during the transition to high
strain rates.
2.6.2 Dislocation Mechanics
The plastic deformation behaviour of a material is subject to change depending on the strain
rate regime, due to differences in the dislocation kinetics [112]. This can be divided into three
regimes. At low and intermediate strain rates thermally activated processes control dislocation
motion. As a consequence, the flow stress of the material increases at a relatively slow rate.
However, at strain rates greater than 103 s−1 (although, this is also dependent on the material)
dislocation drag effects limit the dislocation velocity. This produces a steep increase in the flow
stress.
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Thermally Activated Motion and Viscous Drag
Plasticity in a metal is influenced by the mobility of dislocations. Thus, obstacles in the path
of the dislocations reduce their mobility and impair their motion. This results in an increase in
the flow stress of the material. Thus, depending on the width of the energy barrier a dislocation
needs to overcome before motion can resume, two-type of obstacles can be defined. First are
short range or thermal obstacles and the second are long range or athermal obstacles. The
obstacles can be overcome if the energy driving dislocation mobility is sufficient to overcome the
barrier posed. This driving energy can be supplied in the form of an external stress or a thermal
energy. The application of an external stress can result in a dislocation overcoming both short
and long range obstacles. However, a thermal energy can only facilitate the overcoming of a
short range obstacle. This is the reason why short range obstructions are referred to as thermal
obstacles.
Increasing a material’s thermal energy can be considered to be equivalent to increasing the
amplitude at which the atoms in the lattice vibrate. Furthermore, above a certain temperature,
this thermal energy will be sufficient for overcoming any thermal obstacles. The probability for
this to occur can described by an Arrhenius type equation:
p = exp
(
−∆GT
kBT
)
(2.51)
where ∆GT is the thermal energy, T is the temperature and kB is Boltzmann’s constant. Thus,
as the thermal energy increases, the probability for a dislocation to pass a thermal obstacle will
also increase.
Since an increase in the strain rate also corresponds to an elevation in temperature, the strain rate
dependent behaviour of a material during deformation can also be explained from a thermally
activated dislocation viewpoint. In reality, dislocations are vibrating within a material and
according to Kocks et al. [113], this is approximately equivalent to b4l , where b is the Burgers
vectors and l is the length of a dislocation segment. This vibration is smaller than the frequency
of atomic vibrations. Consequently, a dislocation will only be able to overcome an obstacle when
it is within the period of an oscillation. Therefore, the frequency to overcome a barrier can now
be defined as:
ν1 = ν0 exp
(
−∆GT
kBT
)
(2.52)
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where ν0 is the vibrating frequency of the dislocation.
Consider the movement of dislocations, it is inevitable to suggest that there is a time associated
with this movement. This time can be divided into two components. The first component is as-
sociated with moving between obstacles. The second component is associated with a dislocation
waiting at an obstacle front before it can successfully pass. The waiting time can be considered
to be the reciprocal of Equation 2.52. If we assume a steady state is achieved between the travel-
ling and waiting dislocations, the average waiting time will be longer compared to the travelling
time. Consequently, at higher strain rates less time will be available for a waiting dislocation to
obtain a sufficient amount of energy to pass the obstacle. This manifests as an increase in the
flow stress of the material.
Thermally activated dislocation mechanisms are only valid up to a limited strain rate threshold,
which is dependent on the specific material. Beyond this range the sharp increases in the flow
stress of a material are attributed to viscous drag effects. This acts in addition to thermal
obstacles [114]. The drag effects are believed to stem from interactions between the mobile dis-
locations and the matrix due to either phonon or electron viscosity [115]. At room temperature
the dislocation mobility is reduced due to frictional forces caused by vibrations in the crystal
lattice. This removes some of the dislocation’s kinetic energy, and is thus termed a phonon
mechanism. Electron viscosity is only important at decreasing temperatures. However, consen-
sus on the specific drag mechanisms which produce a sharp increase in the flow stress at high
strain rates has not been reached [115].
2.6.3 Adiabatic Shear Banding
The strain rate imposed on a material during loading has an important role on the subsequent
characteristics and material property outcomes after loading. The strain rate particularly influ-
ences whether adiabatic shear banding occurs and the extent of such occurrence.
An adiabatic shear band (ASB) is a thin region where large shearing has occurred due to dynamic
loading. A fully formed shear band encapsulates two sides of a sheared region that are displaced
relative to one another. This is similar to a mode II or mode III crack [116]. ASBs play a
vital role on the dynamic properties of a material. It is common for a shear band to act as a
site for further deformation. In addition, a shear band is able to behave in a ductile or brittle
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manner [116].
Zerilli and Armstrong [117] investigated the sensitivities of f.c.c. and b.c.c. materials to exhibit-
ing shear banding behaviour using the Conside`re relationship as a basis, i.e.
σ =
dσ
d
(2.53)
where σ is the true stress,  is the true strain and dσd is true strain hardening. The strain
hardening behaviour was approximated using power law hardening relationships and the strain
exponent was considered to be equivalent to the uniform strain at the highest load point, as long
as the complete stress is considered as a single quantity (depending on the strain). Thus, on the
basis of their work, it is regarded that f.c.c. alloys are less sensitive to displaying shear banding
at high strain rates, whereas b.c.c. alloys are more susceptible to shear band formation with
increasing strain rates. The susceptibility of shear band formation was related using a (power
law) strain rate exponent, M by Wright [116]
τ = τ0
[
1 +
(
γ
γ0
)]N 
(
dγ
dt
)
(
dγ0
dt
)
M exp [−λ (T − Tref )] (2.54)
where τ is the shear stress, γ is the shear strain, T is temperature and τ0, γ0,N,
dγ0
dt and λ are
all experimental constants.
Further analysis conducted by Zerilli and Armstrong [117] also afforded an evaluation of the
expression for the initiation of shear banding. However, the authors did note that even though
the trends predicted for the materials behaviour were in the right direction, the initiation of
shear banding was short of calculable prediction.
2.6.4 Twinning at High Strain Rates
Since the development of deformation twins in some materials have been reported for high strain
rate tests, the question of how and when the conditions for an exchange from slip to deforma-
tion twinning mechanisms are satisfied has existed. The combination of slip and twinning was
observed by Taylor [118] during his high strain rate testing of iron. This data was reproduced
and elaborated to a greater extent by Zerilli and Armstrong [117], who considered stress for
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deformation twinning to be approximately athermal, but also predisposed on the grain size.
Analysis of the data led the authors to the conclusion that the transition from slip to twinning
occurs at reduced grain sizes at higher strain rates. Furthermore, elastic-plastic impact calcula-
tion (EPIC) simulation of the conflict between twinning and slip during Taylor impact tests of
iron show that under impact, twinning occurs initially at and behind the impact surface, which
is subsequently succeeded by thermally activated slip.
The majority of structures twin more readily at decreasing temperatures or increasing defor-
mation rates [39]. However, in f.c.c. metals the temperature dependence is low, although, the
dependence on the stacking fault energy is high. The strain rate effects in a material can be
coupled with temperature via an Arrhenius type relationship. Therefore, high sensitivity to one
variable would imply a similar dependence on the second variable. Although the temperature
sensitivity in f.c.c. appears to be low, it is not the same for strain rate. Gray III [119] has
observed deformation twinning during high strain rate testing in a high stacking fault energy
aluminium alloy which does not exhibit twinning under quasi -static loading conditions. The
occurrence of twinning is attributed to a extreme increase in local stress conditions such that
twinning becomes active.
Dynamic Recrystallisation
Dynamic recrystallization (DRX) facilitates solid state flow in cases of severe plastic deformation
i.e. especially at strain rates greater than 103 s−1. During conventional low strain rate plastic
deformation, simple uniaxial strains do not exceed approximately 60 %. Thus, dislocations
and related mechanisms, such as deformation twinning, can account for plastic flow. However,
at much higher strains, dislocations in the classical sense, slip and heterogeneous shear are
simply a precursor to dynamic recrystallization. Once the DRX regime initiates, severe plastic
deformation occurs via sliding among the recrystallized grains. Furthermore, DRX can be
formulated by a very local volume of adiabatic shear bands.
Chapter 3
Micromechanics of Twinning in a
TWIP Steel
3.1 Summary
The deformation behaviour of a TWinning Induced Plasticty (TWIP) steel was studied at quasi -
static strain rates using synchrotron X-ray diffraction. A {111} RD and {200} RD texture
developed from the earliest stages of deformation, which could be reproduced using an elasto-
plastic self consistent (EPSC) model. Evidence is found from multiple sources to suggest that
twinning was occurring before macroscopic yielding. This included small deviations in the lattice
strains, {111} intensity changes and peak width broadening all occuring below the macroscopic
yield point. The accumulation of permanent deformation on sub-yield mechanical cycling of
the material was found, which further supports the diffraction data. TEM revealed that fine
deformation twins similar to those observed in heavily deformed samples formed during sub-yield
cycling. It is concluded that twinning had occurred before macroscopic plastic deformation is
initiated.
3.2 Introduction
Deformation twinning is a process which proceeds through a dislocation mechanism. Maha-
jan [83] proposed two salient features of deformation twin formation in f.c.c. crystals; firstly
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a three layer twin may nucleate when two co-planar 12〈110〉 dislocations interact, and secondly
a macroscopic twin may evolve when three layer twins at different levels grow into each other.
Two co-planar perfect 12〈110〉 dislocations can react either through co-planar slip or cross glide,
thus the reaction; 12 [1¯01] +
1
2 [1¯10] → 3 × 16 [2¯11], is possible. It is believed that this reaction
may govern the nucleation of twins in f.c.c. crystals. In the case of low stacking fault energy
materials that twin more readily, the perfect dislocations will dissociate into Shockley partials;
1
2 [1¯10]→ 16 [2¯11] + 16 [1¯21¯]. This is believed to be an intermediate step to the previous reaction as
it is energetically favourable. Consequently a macroscopic twin forms when the nucleated twins
grow into each other, i.e absorb more partials. This may explain why twinning is less favourable
in materials with high stacking fault energies, because the partials are more tightly bound i.e.
the partial dislocation pair have a narrow core width and lower mobility. The self-thickening
of twins has recently been observed in-situ in coarse grained Cu-Ge alloys and nanocrystalline
Ni [120; 121]. A perfect dislocation was found to dissociate into leading and trailing partials.
The leading partial subsequently splits further into a perfect dislocation and twinning partial
upon encountering an obstacle. Subsequently the perfect dislocation can cross-slip and dissoci-
ate once again. This cycle continues, thereby thickening the twin on successive primary slip and
cross-slip planes, without the need for the nucleation of additional Shockley partials.
Although research into TWIP steels is increasing, the evolution of microstructure and grain
statistics, such as elastic lattice strain and texture, especially during deformation have not been
investigated in detail. Therefore limited information is available within this area. Microstructure
and texture evolution during deformation has been investigated by a few authors [19; 122;
123], however this has been achieved using ex-situ interrupted testing and multiple samples.
Consequently, the characterisation of the twins and texture has taken place after testing and
only limited bulk information could be determined. Yan et al. [124] have used in-situ synchrotron
diffraction to characterise the interaction between slip and twinning during uniaxial tension. It
was determined that the deformation texture is predominantly developed by dislocation gliding
and that twinning impedes the reinforcement of texture.
Eshelby’s [125; 126] self consistent approach has successfully been used to simulate the uniaxial
deformation texture and lattice strain behaviour of several materials [127–130]. However, the
application of self-consistent modelling to TWIP steels has been rather limited. Prakash et
al. [131] have utilised the visco-plastic self-consistent (VPSC) model framework to evaluate twin
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volume fraction and compare experimental and simulated deformation texture using two different
twinning models. A predominant twin reorientation [132] model and the Kalidindi [133; 134]
approach were both evaluated, and the latter was found to predict more plausible twin activity
and provide better agreement with experimentally observed textures. Experimental texture and
grain statistics have also been modelled by Yan et al. [124] using both VPSC and elasto-plastic
self-consistent (EPSC) models. The VPSC model was utilised to simulate the experimental
textures, but the model textures indicated an over prediction for the contribution of twinning in
the simulation. Similarly the EPSC model was used to evaluate the experimental lattice strain
evolution. However, the EPSC simulation did not include a twinning scheme, consequently the
contribution of slip during deformation was only modelled for the lattice strain analysis.
In this chapter, the texture evolution of a TWIP steel during tensile deformation has been
investigated using in-situ synchrotron X-ray diffraction. Lattice strain, peak width and inten-
sity changes have also been examined, and the elasto-plastic self consistent model [128] has
been utilised to rationalise the results. Finally, ex-situ microscopy and cyclic tensile loading
experiments were also conducted, to augment the in-situ observations.
3.3 Experimental Procedures
3.3.1 Material
The TWIP steel tested was obtained in 3 mm hot rolled sheet form from Tata Steel Strip Main-
land Europe. The nominal composition of the material was determined using inductively coupled
plasma optical emission spectrometry (ICP-OES) and inert gas fusion methods performed by
IncoTest, UK, Table 3.1.
The stacking fault energy of the material was determined using the thermodynamic principals
outlined in Section 2.2.3. The thermodynamic data and properties used to calculated the stack-
ing fault energy are listed in Table 3.2. The stacking fault energy was calculated to be 31 ±
Table 3.1: Nominal chemical composition of the experimental TWIP steel.
Element Mn Al Si C Fe
Composition (wt. %) 15.8 2.2 1.4 0.7 Balance
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Table 3.2: Thermodynamic data used to calculate the SFE of the experimental steel.
Parameter Function Unit Ref
∆Gγ→εFe -821.85 + 1.685T + 0.00222T
2 J/mol [136]
∆Gγ→εMn 3925 - 2.7T + 0.00455T
2 J/mol [136]
∆Gγ→εC -24630 J/mol [137]
Ωγ→εFeMn -9135.5 + 15282.1XMn J/mol [136]
Ωγ→εFeC 42500 J/mol [25]
Ωγ→εMnC 26910 J/mol [35]
σ 0.010 J/m2 [28]
ρ 2.94×10−5 mol/m2 [35]
10 mJ m−2. Adjustments were made to account for the silicon and aluminium contents in the
steel. Consequently, 10 mJ m−2 was added to the calculated SFE for every 1 wt. % of aluminium
while 7 mJ m−2 was subtracted for every 1 wt. % of silicon [41; 44; 135].
3.3.2 In-situ Synchrotron Diffraction
In-situ testing was carried out on beamline ID15B at the European Synchrotron Radiation
Facility (ESRF), Grenoble, France. Tensile samples, with gauge dimensions of 19 × 1.5 ×
1.5 mm, were tested on an Instron 5 kN servohydraulic machine, with the tensile axis aligned to
the rolling direction of the material. Samples were held in bespoke negative profile fixtures and
loaded to an engineering strain of 22 % in position control and at an initial strain rate of 10−3 s−1.
Full Debye-Scherrer diffraction rings were collected using a 300×400µm monochromated X-ray
beam of energy 67 keV (λ = 0.1428 A˚) on a Pixium 2D area detector located 1046 mm from the
sample. A sampling time of 0.4 s was used. The experimental setup was identical to that used
by Jones et al. [138] and testing was conducted consecutively, a schematic representation of the
setup is shown in Figure 3.1.
The texture during deformation was reconstructed by segmenting the diffraction rings into
intensity-2θ profiles using 10 ◦ interval bins around the whole ring, using the program Fit2D [139].
Instrumental parameters were obtained by using a CeO2 powder standard. The intensity-2θ pro-
files were then fitted through Rietveld refinement and the texture was plotted using an Extended-
WIMV (E-WIMV) algorithm via the Materials Analysis Using Diffraction (MAUD) [140] pro-
gram. Pole figures were visualised using the programs Pole8 and Pod2k.
Lattice strain is represented by the lattice spacings therefore the elastic strain in a certain
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Figure 3.1: Schematic representation of the experimental setup for in-situ loading experiments. Figure
adapted from Ref [138].
direction for a peak {hkl} satisfying the diffraction condition can be determined by finding the
lattice parameter dhkli using Bragg’s law, λ = 2d sin θ, relative to an unstrained reference lattice
parameter, dhkl0 . Movement of the diffraction peaks can then be related to the elastic strain
within grains in the diffraction orientation using Equation 2.45. Therefore the shift of an {hkl}
peak along the loading direction is a measure of strain in that {hkl} orientation.
To determine the lattice strains, individual diffraction peaks were fitted utilising a Gaussian
function with the Wavemetrics program Igor Pro. d-spacing and intensity values for each peak
were obtained from the 0 and 180 ◦ tensile loading bins.
3.3.3 Ex-situ Tensile Testing
Ex-situ tensile tests were carried out on a Zwick Roell 100kN load frame and samples with gauge
dimensions of 40 × 8 × 3 mm were tested, with the tensile axis aligned to the rolling direction,
using an extensometer. Samples were cyclicly loaded between 10 MPa and a selected target
stress 20 times under position control at a strain rate of 10−3 s−1. The initial target stress was
200 MPa, this was incrementally raised by 100 MPa after the completion of 20 cycles until the
sample failed.
3.3.4 Ex-situ Characterisation
Samples for optical microscopy were etched using 4 % Nital to reveal the grain boundaries. A
standard metallographic preparation schedule was followed.
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EBSD was performed on a JEOL JSM6400 SEM equipped with an Oxford Instruments HKL
Nordlys EBSD detector. Step sizes between 0.1 and 0.5µm were employed and in excess of 3000
grains were indexed for texture measurement. XRD texture measurements were made using a
Philips XPert MRD machine in texture configuration via the back reflection technique using
copper Kα radiation. The data was then reconstructed onto equal-area projection pole figures
using the preferred orientation package - Los Alamos (popLA) [141] texture analysis software
package. The Philips XPert MRD machine can measure pole intensities up to an angle of 80◦
from the sample plane normal, therefore a correction for defocussing was performed to complete
the outer ring of the pole figures.
TEM analysis was conducted on a JOEL 2000FX microscope; samples were electropolished using
5 vol.% perchloric acid and 95 vol.% acetic acid at 30 V DC and at room temperature.
3.4 EPSC Simulation
3.4.1 Simulation of TWIP Steel
The deformation of the TWIP steel was simulated to match experimental conditions, namely
a strain rate of 10−3 s−1 to an engineering strain of 22 %. The texture was modelled from a
starting basis of 1000 weighted grain orientations obtained via a sample orientation distribution
function using popLA, from the ESRF X-ray synchrotron starting texture measurement of the
as-received material.
Twinning and slip were both modelled in the simulation. The hardening behaviour of each slip
system was modelled using an extended Voce´ law, Equation A.44. In the present simulation,
grain rotation due to slip was included, such that the texture can evolve. Twinning was modelled
using the extended EPSC code by Clausen et al. [129] which has been outlined in Section A.2.3.
The stress relaxation procedure was activated within the twinning scheme to account for the
contribution to diffraction by the twinned volume fractions and also provide some degree of stress
relaxation in the grains due to twin activity. The procedure also requires strain compatibility
at the twin interface to be satisfied.
Single crystal elastic constants for austenite (γ-Fe) were obtained from the literature [142] and
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Table 3.3: Single crystal elastic constants in GPa for γ-Fe (austenite) [142].
C11 C12 C44
276 173.5 136.3
are listed in Table 3.3. TWIP steels deform via {111}〈110〉 slip and {111}〈112〉 twinning.
The critical resolved shear stress (CRSS) for each deformation mode was selected based on
an approximation from the bulk stress-strain curve as depicted schematically in Figure A.2.
These values were then adjusted along with the hardening parameters until an acceptable fit
for bulk stress-strain, texture and lattice strain behaviour was obtained between the model and
experimental results, Table 3.4.
Table 3.4: Fitted critical resolved shear stress and Voce´ hardening parameters for each deformation
system in GPa.
Mode Label CRSS (τ0) τ1 θ0 θ1
{111}〈110〉 Slip 0.26 0.56 0.36 0.27
{111}〈112〉 Twinning 0.17 0.45 0.22 0.07
3.5 Results and Discussion
3.5.1 Macroscopic Characterisation
The initial microstructure of the material was single phase composed of equiaxed austenite
grains, some of which contained annealing twins. The average grain size was 10 ± 6µm, which
was determined using EBSD, Figure 3.2(a,b). The initial texture of the TWIP steel plate
was weak and essentially random, Figure 3.2(b,c), this was confirmed using three experimental
techniques, namely electron backscatter diffraction (EBSD), lab X-ray diffraction (XRD) and
synchrotron X-ray diffraction (sXRD). The conclusion of an initial random texture from three
separate experimental techniques provides a sound basis for the reconstruction of the synchrotron
X-ray diffraction data, since it implies that Rietveld refinement of the data does not induce any
false texture.
The bulk stress-strain curve for the material tested to 22 % engineering strain is shown in
Figure 3.3. A yield of approximately 460 MPa is observed and the yield transition occurs grad-
ually. The bulk modulus of the material was 170 GPa. An almost linear true hardening rate
of ∼2.3 GPa is exhibited, indicating a high level of strain hardening. A high linear hardening
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Figure 3.2: (a) Optical micrograph of the as-received material, (b) EBSD map of the initial material
and (c) weak random texture determined using EBSD, XRD and sXRD.
rate is often observed in austenitic steels that deform through twinning, as this is usually as-
sociated with the interaction between dislocation gliding and twinning [16]. The formed twins
act as strong barriers to dislocation motion and further straining results in a greater volume
fraction of twins being created. This effectively results in a continuous grain refinement process
i.e. a dynamic Hall-Petch effect where the mean free path for dislocation gliding is continously
reduced [69; 122].
The tensile behaviour simulated by the model shows excellent agreement with the experimental
results and the gradual yielding and linear hardening rate is also well replicated. The predicted
activity of the deformation modes suggested a sharp increase in twinning activity at the onset
of plastic deformation, which gradually decreases with further deformation. The sharp increase
in twin activity may be interpreted as the nucleation of twins in the material when plastic
deformation initiates. The slow decrease in activity with further deformation may indicate a
cessation in twin nucleation and the initiation of twin thickening and subsequent twin growth.
3.5.2 Lattice Strain and Peak Width Evolution
The evolution of lattice strain during loading is shown in Figure 3.4, along with the predicted
model results. Figure 3.4 also shows the lattice strain behaviour of an austenitic 304 stainless
steel, which was tested using an identical experimental setup during consecutive tests (data
from Ref [138]). The {111} orientation is the stiffest orientation, which is followed by the {220}
and {311}, while the {200} has the lowest stiffness; furthermore the {200} and {311} remain
elastic for longer. This behaviour can be seen more clearly in the simulated results, Figure 3.4
(solid black lines). The diffraction elastic constants remain consistent with that observed in
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Figure 3.3: Macroscopic stress-strain and hardening (inset) curves showing the experimental (solid line)
tensile behaviour and the model prediction (dashed line).
other austenitic steels [143], whereby the order of the stiffest orientations are as expected. The
model successfully predicts the general behaviour of the orientations, however the simulated
results do deviate from the experimental data. The disparity between the experimental and
simulated lattice strain can firstly be explained due to the changes observed in the experimental
lattice strain below the yield point which are difficult to replicate within the model. Secondly, the
model prediction is a compromise fit between macroscopic stress-strain, texture and lattice strain
and finally it is suggested that the model predicts twin activation later than the experimental
evidence would indicate.
The {200} orientation begins to gradually yield below the macroscopic yield point, which in-
dicates that micro-plasticity occurs in this orientation before macroscopic yielding. Although
micro-plasticity can occur before macroscopic yielding, the experimental results indicate this
occurs at a stress significantly lower than the yield point. The {111} and {220} orientations
exhibit a similar behaviour, which suggests the initiation of non-linear behaviour before the
macroscopic yield point for all these orientations and micro-plasticity. The onset of plasticity in
three orientations at stresses below the yield point cannot be replicated using the self-consistent
model and they are not observed in the 304 stainless steel. However the model does indicate
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Figure 3.4: Experimental and simulated lattice strain evolution during tensile loading of the TWIP
steel compared to the lattice strain evolution of an austenitic 304 stainless steel. 304 data from Ref [138],
sample texture from prior forming operations prevented diffraction from the {220} orientation.
plasticity occurs at a slightly lower stress than the yield point. This implies that the material
is not truly elastic before the yield point. Small inflections are seen in the lattice strain pro-
files once the macroscopic yield point is exceeded, this can be replicated using the model and
be clearly seen in Figure 3.4. After macroscopic yielding the grains become plastic and conse-
quently they are no longer able to accrue elastic load at the same rate as when the material
was macroscopically elastic. This usually corresponds to an inflection in the lattice strain profile
around the yield stress of the material. The inflections are the result of load partitioning from
orientations that have plastically deformed to those that have not. The experimental evidence
shows that the {111} and {220} orientations are the first to exhibit such a reduction in the rate
of accumulating lattice strain as deformation progresses, while the {311} and {200} orientations
are most capable of accumulating further strain. Therefore as further deformation progresses,
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grains in the {311} and {200} orientations accumulate the majority of the corresponding lat-
tice strain. A non-linear increase of lattice strain is clearly apparent for the {200} orientation,
this orientation is also able to accrue greater lattice strain compared to other orientations, thus
further indicating load partitioning between the orientations.
An obvious feature in the experimental lattice strain, Figure 3.4, are the deviations from linearity,
particularly below the macroscopic yield point. This can be clearly seen for the {111}, {200}
and {220} orientations, where a -170µ deviation is observed for the {111} and a -740µ is
observed for the {220} orientations at ∼120 MPa. Similar behaviour has been seen in Ref [124],
particularly for the {220} orientation. However, the authors attributed this behaviour to be due
to error bars caused by poor diffraction sampling of the grains in the longitudinal direction. In
the present study, it is believed that these deviations are due to intrinsic changes within the
material and not because of poor diffraction sampling. The experimental setup was identical to
that in Ref [138], which was on a single phase austenitic stainless steel; the two materials were
also tested consecutively. Deviations were not observed in the experimental lattice strains of the
stainless steel and a change in diffraction sampling between the tests is highly unlikely.
The austenitic 304 steel which was of similar grain size tested in Ref [138] deformed solely
by slip and the lattice-strain behaviour did not present any similar deviations such as those
observed for the TWIP steel. Therefore, the possibility of deformation via slip causing the
deviations is unlikely as this is not observed in the case of the 304 stainless steel. Thus it
is suggested that the deviations in the lattice strain profile is due to twinning occurring in
the material. An incubation plastic strain in polycrystals is often required before twinning
is observed, which is conventionally attributed to either a requirement to raise the operative
critical resolved shear stress for slip e.g. by forest hardening, above that required for twinning
or to adjust for a nucleating population of partial dislocations. The twinning stress is usually
found to be temperature-independent. In addition, the stress in the surrounding matrix will
be reduced by the twin. However, the lattice strain behaviour indicates twinning operating at
low stresses and more importantly below the macroscopic yield stress. The strain relaxation
associated with the deviations further suggest the initiation of twinning in the material, as once
a twin has nucleated strain relaxation in the surrounding matrix is to be expected. Similar
lattice strain behaviour has been observed in zirconium alloys [100; 130] and magnesium [144],
where deviations in the lattice strain are present during deformation, particularly for grains in
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the {0002} orientation. Among the suggested causes of these deviations, twinning has been
suggested as the most plausible contributing factor.
Diffraction peak widths are affected by crystal size and the presence of lattice defects such as
the accumulation or nucleation of dislocations and twins. During deformation peak broadening
may occur due to many reasons. An inhomogeneous strain field in the scattering volume, such
as an increasing density of dislocations in the grains can produce peak broadening, also reducing
the scattering size through twinning or having varying strains from different grains will produce
peak broadening. Similarly, increasing the crystallite size, e.g. through twin growth, will produce
an opposite effect and result in peak narrowing. The peak width evolution, Figure 3.5, indicates
large variations in the peak width at low stresses, particularly in the {111} orientation, these
coincide with the deviations seen in the lattice strain behaviour. Furthermore, reductions in
the peak width for certain orientations are complemented by an increase in others, e.g. the
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Figure 3.5: Peak width evolution in the tensile direction during loading of the TWIP and 304 steels.
Sample texture from prior forming operations prevented diffraction from the {220} orientation in the
case of the 304 steel.
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{111} and {220} orientations. It is suggested that the increase in peak width is due to twinning,
which causes a reduction in the crystallite size. Similarly, as the twins grow, peak narrowing
occurs as observed in Figure 3.5. Using the Scherrer equation and an approximation of the
shape factor for a lenticular morphology crystallite (K = 1.34), the ideal crystallite size i.e. twin
thickness, required to produce the observed variations in the full width half maximum of the
{111} peak, was calculated to be ∼5-10 nm. Since the nucleation of large densities of dislocations
are not expected at these low stresses it is assumed that the fluctuating peak widths are being
influenced by twinning. The peak width begins to increase at a constant rate once yielding is
fully established, i.e. beyond 600 MPa. This steady increase may be due to an increase in the
density and accumulation of dislocations post yielding. Smaller deviations i.e. peak narrowing,
are subsequently observed, which also coincide with the deviations observed in the lattice strains.
These may be resultant of further twin growth. Since the rate of peak broadening does not change
or exhibit a plateau as deformation progresses, it can be assumed that the cessation of twinning
has not occurred at 22 % strain. It is suggested that the fluctuating peak width behaviour seen
at lower stresses may be due to the nucleation of twins, since the twins act to reduce the effective
grain size in the material, consequently this contributes to a peak broadening effect. Therefore,
the constant peak broadening after ∼600 MPa may suggest the cessation of twin nucleation and
the initiation of twin thickening via the absorption of partial dislocations. The 304 stainless
steel tested in Ref [138] does not exhibit a similar behaviour to the TWIP steel; during elastic
loading the {111} peak width essentially remains constant, Figure 3.5.
3.5.3 Texture Evolution
The final experimental deformation texture and the model prediction are shown in Figure 3.6.
The weak starting texture intensified in the loading direction particularly on the {111} pole
figure, but also on the {200}. The texture has also developed a distinct four-fold symmetry.
Furthermore, the final texture predicted by the model shows an excellent agreement with the
experimental pole figures.
There is a pronounced fiber texture, which has developed in the 〈111〉//RD and a weaker
〈200〉//RD component. The final texture has four main components, the most intense being
{110}〈112〉 brass, followed by {110}〈110〉 rotated Goss, then {112}〈110〉 rotated copper and
finally a {001}〈100〉 cube component.
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Figure 3.6: Final texture after deforming to 22 % in the rolling direction, (a) experimental and (b)
simulated (tensile direction out of page).
The evolution of the {111} pole figure texture during deformation and the corresponding pre-
dicted texture by the model is shown in Figure 3.7. The texture begins to sharpen and a distinct
four-fold symmetry begins to form by ∼7 % strain. Furthermore, stronger variations in intensity
begin to initiate from this point. Small reorientations of the pole figures are observed at low
strain i.e. <0.3 % strain, however these are not predicted in the simulated results. It should
be noted that these reorientations predominantly occur below the macroscopic yield point of
the material, therefore the model is unable to predict any slip or twin activity. The experimen-
ε = 0.12% ε = 0.24% ε = 0.80% ε = 3.85%
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M
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Figure 3.7: {111} pole figure projection of the experimental (E) and modelled (M) texture evolution
during tensile loading to a final strain of 22%.
3.5. Results and Discussion 79
tal observation would suggest possible twin activity or twin nucleation, which result in small
reorientations in the pole figures.
The strengthening of the 〈111〉//RD and the main texture components during deformation
indicates that twinning activity is increasing. This would concur with evidence that twinning
is well suited for the 〈111〉//RD fiber component because the Schmid factor for twinning is
greater than that for slip [19; 145]. Similarly the weaker 〈200〉//RD fiber is better suited for
slip, which is apparent in the experimental textures. The slight over prediction by the model
for the intensity in the tensile axis of the {200} pole figure, would indicate an overestimation
for slip activity.
Twinning generates new orientations, which can also modify texture, therefore the texture evo-
lution would indicate twin nucleation even at the higher strains. However, after 11.85 % strain
new texture components are not observed and only strengthening in intensity occurs, i.e. the
{111} gets bigger with further strain. However, some authors have suggested that the overall
contribution of twinning to the deformation texture is minimal because the twins formed are
very fine.
The texture index, Figure 3.8, indicates strengthening of the texture throughout the deformation
process. A small increase in strength is detected during elastic straining, which is followed by
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Figure 3.8: Experimental and model evolution of texture index with progressive deformation.
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a steady strengthening of the texture to ∼16 % strain. The rate at which strengthening occurs
increases after 16 % strain; the experimental pole figures show that after this strain no new
texture components are formed, and further deformation only strengthens the existing texture
components. Consequently this strengthening results in an increase in the texture index. The
strength of the simulated textures are generally higher than the experimental observations. This
is often observed in self consistent and Taylor type texture models.
The {111} RD peak intensity evolution, Figure 3.9, generally exhibits an increase in the intensity
during deformation. This is in contrast to the 304 austenitic steel tested in Ref [138] where inten-
sity decreases with progressive deformation. A distinct feature of the intensity evolution is the
sharp changes in intensity seen during deformation. The intensity fluctuations are even observed
at nominally elastic stresses and furthermore coincide with in the lattice strain deviations seen
in Figure 3.4. Abrupt changes in diffraction intensity suggest a change in the orientation of the
diffracting volume, which can be caused by deformation twinning. Therefore the sharp changes
in diffraction intensity can be attributed to twinning, while the gradual increase in intensity is
due to gradual grain rotation during deformation which can be attributed to slip mechanisms.
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Figure 3.9: Evolution of the normalised {111} RD intensity in the tensile direction with applied stress
compared to 304 stainless steel [138].
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3.5.4 Sub-yield Twinning: Cyclic Testing and Microscopy Observations
The post-deformation microstructure is shown in Figure 3.10; profuse twinning is observed within
the grains. These can then be observed using EBSD, which shows the presence of annealing
twins and also, using the band contrast, the presence of very fine twins within many of the
grains, particularly those in the {111} RD orientation. EBSD also highlights that whilst many
of the grains are in the {111} RD orientation, many of the grains are not; similarly the fine
twins are observed only in some of these grains. Figure 4.11 shows low magnification (a) and
high magnification (bright field) views of the twins in the post-deformed sample. Consistent
with Idrissi et al. [62], the twins are on the order of 20 nm in thickness and are filled with faults
or smaller microtwins. In addition, the matrix around the twins is relatively free of dislocations.
The selected area electron diffraction (SAED) patterns indicates that two different twin systems
exist, type one forming on the (111¯) plane and type two forming on the (1¯11¯) plane.
In order to verify the implication from the diffraction measurements that twinning occurred
below the macroscopic yield stress, some additional mechanical testing was performed. Fig-
ure 3.12 shows the effect of cyclic loading for 20 cycles at stresses of 200, 300 and 400 MPa, all
below the macroscopic yield stress. It is observed that the sample progressively deformed, with
a substantial residual strain being imparted to the sample; at 400 MPa this was ∼8µ per cycle.
Figure 3.13 shows the first unload and reload of each cycle, indicating that substantial hysteresis
occurs in each case, in addition to the residual plasticity imparted. Also it can be seen that
5 µm
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101
111
001
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25 µm
(b)
Figure 3.10: Post deformation microstructure; (a) optical micrograph and (b) EBSD map of sample
deformed to 22 % strain in the rolling direction with IPF colouring relative to the RD and band contrast.
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Twin 1 Twin 2
Zone Axis: [011]
000
111
111
250 nm 50 nm
0.5 µm
(b)(a)
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Figure 3.11: TEM bright field taken from the sample strained to 22 % (a) low magnification with SAED
pattern of the grain while the sample is tilted onto the [011] zone axis, (b) schematic of the SAED pattern
shown in (a), (c) high magnification of twins and (d) microtwins within a larger twin.
there was some relaxation that occurred during the very final stages of unloading.
Therefore even macroscopically it can be concluded that plastic deformation occurs at stresses
as low as 200 MPa, less than half of the nominal 0.5 % offset yield stress of 480 MPa.
Attributing these to twinning is difficult because the twin density is rather low, but thin defor-
mation twins around 5 nm in thickness could be observed in TEM (Figure 3.14) after performing
1000 cycles on a sample between 10 and 200 MPa. This shows the end of a very fine twin that
decomposes into the stacking faults that form the twin walls. The twin thickness observed using
TEM is within the predicted range calculated using the Scherrer equation that would produce
the observed sub-yield peak width broadening observed.
Therefore it can be concluded, from TEM, macroscopic testing, from the lattice strain, diffracted
intensity and peak width profiles, that twinning occurs below the nominal yield stress in this
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material.
3.6 Conclusions
The texture evolution and micromechanical response of an initially untextured TWIP steel was
studied during quasi -static tensile straining along the rolling direction at 10−3 s−1 using in-situ
synchrotron diffraction and post hoc microscopy. The following conclusions can be drawn:
1. The {111} RD and {200} RD texture evolved continuously from the very earliest stages
of deformation.
2. The flow curve and texture evolution could be satisfactorily modelled using a self-consistent
micromechanical model.
3. The lattice strain response show unusual deviations below macroscopic yield, a feature not
observed in a similar grain size austenitic stainless steel using an identical experimental
setup.
4. Corresponding deviations were also observed in the peak width and intensity; these are
not felt to be artefacts as conventional linear behaviour is recovered in the later stages of
deformation.
5. The very fine twins expected of a TWIP steel were observed after deformation, such that
twinning can occur continuously and provide work hardening up to large strains.
6. Macroscopic cyclic testing indicated that sub-yield permanent deformation occurred even
at 200 MPa, a stress less than half the macroscopic yield stress.
7. TEM examination indicated that deformation twins were induced by this cyclic testing.
8. Therefore, it is concluded that twinning can occur in the very earliest stages of deformation
in the material studied, prior to the buildup of a large population of partial dislocations.
However, the microscopy indicated that these twins were still associated with partial dis-
locations.
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Figure 3.12: Cyclic tensile loading using an extensometer at below macroscopic yield stresses, indicating
the accumulation of strain with each loading cycle.
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Figure 3.13: Single loading and unloading ramp indicating substantial hysteresis occurring and some
relaxation.
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Figure 3.14: TEM bright field taken from the sample after cyclic loading (a) fine twin decomposing
into stacking faults and (b) ultra fine twins.
Chapter 4
The Dynamic Behaviour of a TWIP
Steel
4.1 Summary
In the previous chapter we investigated the mechanical behaviour of a TWIP steel loaded at
a quasi -static strain rate. In the present chapter the influence of strain rate on the twinning
behaviour and microstructure of the TWIP steel is investigated. A Hopkinson pressure bar setup
was used in addition to blast testing to perform the high strain rate testing. The yield stress
exhibited a positive strain rate sensitivity with increasing strain rate. However, the failure
strain of the material was relatively unaffected. Post deformation microscopy indicated that
deformation twinning was less profuse at higher strain rates. Electron backscatter diffraction
also indicated the activation of multiple twin systems at strain rates below 1000 s−1 although
this did not occur at the higher strain rates tested. A large intragranular misorientation was
found to exist in the material tested at lower strain rates indicating a relatively larger dislocation
density existing in the material tested at lower strain rates. In addition selected grains in the
blast tested material exhibited a ‘wavy’ structure which was determined not to be due to a phase
transformation. It is suggested that this was caused by the complex loading experienced by the
material during testing. High resolution transmission electron microscopy also indicated a large
density of intrinsic stacking faults in the material subjected to blast testing.
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4.2 Introduction
The strain rate sensitivity of a material is an important property and requires significant atten-
tion when considering dynamic loading applications such as vehicle crush or armour protection
systems. These applications are where high strain rate deformation is highly likely to occur. A
material which exhibits a strong positive strain rate sensitivity is therefore ideal for these appli-
cations. This implies that the quicker a load is exerted the more readily the material will resist
deformation. Materials that deform solely though a slip mechanism typically exhibit an upturn
in strength with increasing strain rates. This is usually explained by the theory of thermally
activated dislocation motion where the time for a dislocation to wait in front of an obstacle for
additional thermal energy is reduced (Section 2.6.2).
The contribution of mechanical twinning during deformation in f.c.c. metals increases as the
temperature is reduced. This is because the twin stress, i.e. the stress required to nucleate a
deformation twin, reduces gently with decreasing temperature [83]. The weak dependence on
temperature has led to the twin nucleation stress to be considered essentially athermal [110].
However, the twin nucleation stress is also dependent on the SFE in f.c.c. metals. The SFE is
strongly dependent on temperature. Therefore, the local material temperature will substantially
affect the proceeding deformation mechanism occurring within the material [20]. The effect of
temperature on the deformation behaviour in metals is closely related to strain rate due to
adiabatic heating and has thus typically been coupled using an Arrhenius type relationship [39].
This also implies that it is a thermally activated process [83]. Mahajan et al. [83] have reported
that the contention between slip and twinning has a weak temperature sensitivity but the twin
stress has a very distinct strain rate sensitivity. A possible explanation for the negative strain
sensitivity of twinning has been proposed by Bolling et al. [146]. Here the authors suggested
that the high stress concentrations at the edge of a twin result in localised slip in the region for
which the theory of thermally activated dislocation motion is valid, and consequently at higher
strain rates this dependency is inverted.
Adiabatic heating due to dynamic loading is considered to be sufficient to influence the SFE
of the metal. Curtze et al. [33] have shown that during the high strain rate deformation of a
TWIP steel at ∼1000 s−1 a temperature rise of ∼95 ◦C can occur within the material. This
consequently leads to a SFE increase of ∼25 mJ m−2. The authors also concluded that a weak
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to moderate strain rate sensitivity is exhibited at strain rates between 10−3 - 750 s−1 while a
steep upturn in strength is observed at 1000 s−1. Furthermore, at high strain rates, a reduction
in elongation was observed which was explained to be caused by an increase in SFE through
adiabatic heating which promotes less twinning. Xiong et al. [147] have similarly observed a
significant temperature rise in a silicon and aluminium rich TWIP steel at strain rates between
700 - 2500 s−1. However the authors report that the twin stress reduces and the density of
deformation twins increases with higher strain rates.
In addition to adiabatic heating effects on the SFE, dynamic recrystallisation has also been
observed during high strain rate testing of TWIP steels. Sahu et al. [148] have reported on
the occurrence of dynamic recrystallisation caused by adiabatic heating at high strain rates.
An increase in austenite stability is also reported via a reduction in the driving force for the
ε-martensite transformation and therefore increasing the critical twin stress. However, this ob-
servation appears to contradict the theory proposed by Mahajan et al. [83]. Li et al. [149] have
reported on localised amorphism after high strain rate ballistic testing of a TWIP steel. Here
the authors found adiabatic shear banding to be the main deformation mode in addition to slip
and twinning. The authors also reported that some adiabatic shear bands (ASBs) in highly de-
formed areas exhibited a gradual microstructure change from amorphous, amorphous-crystalline
to nanocrystalline (<10 nm) structures evolving from the centre of the ASBs outwards, thus in-
dicating that localised melting and fast quenching occurred due to the adiabatic heating.
Relatively few studies have been conducted that investigate the dynamic loading behaviour of
TWIP steels. The majority of the existing research has been performed at strain rates up to
and below 1000 s−1. In this chapter, the effect of dynamic loading at a range of strain rates
on the mechanical behaviour of a TWIP steel has been examined using Hopkinson pressure bar
and blast testing. In addition, a range of microscopy techniques has been used to augment
the mechanical testing observations to elucidate the role of strain rate on the characteristics of
twinning during deformation when compared to quasi-static loading.
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4.3 Experimental Procedures
4.3.1 Quasi -static and Intermediate Strain Rate Testing
Tensile testing at nominal strain rates of 10−3 and 10−1 s−1 was conducted on a Zwick Roell
100 kN load frame using a 10 mm gauge length extensometer. The test specimens used had
gauge dimensions of 19×1.5×1.5 mm and were tested aligned to the rolling direction (RD) of
the plate.
Intermediate strain rate testing at 233 s−1 was conducted on a high-speed servo hydraulic ma-
chine. A slack adaptor system was employed which ensured that the actuator was able to reach
the desired velocity before loading of the sample initiated. Strain measurements were obtained
using strain gauges. The test specimens used had gauge dimensions of 8×3×2 mm and were
tested along the RD of the sample.
4.3.2 Hopkinson Pressure Bar and Blast Testing
A Hopkinson pressure bar was used for the high strain rate testing at strain rates of 950 s−1
and above, using the same specimen geometry utilised for the intermediate strain rate testing,
Figure 4.1(a). The specimen was screwed into the force input and output bars using bespoke
grips which were designed to accommodate the flat specimens, Figure 4.1(b). During the testing,
an elastic stress pulse is introduced into the input bar by the impact of a steel projectile on a
steel disc attached to one end of the input bar. The strain rate the specimen experiences is
Projectile
Specimen Input Bar RecordOutput Bar Record(a)
(b)
Figure 4.1: (a) Schematic representation of the Hopkinson pressure bar experimental setup and (b)
bespoke clamps used to test flat specimens.
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controlled, to some extent, by the impact velocity of the projectile on the disc and by the gauge
length of the specimen. The impact generated elastic stress pulse propagates along the input
bar. At the interface between the input bar and the specimen part of the stress pulse is reflected
and part passes into the specimen. Similarly, at the interface between the specimen and the
output bar part of the stress pulse is reflected, while the remainder is transmitted into the output
bar.
To accurately record the high strain in each specimen during testing, high elongation strain
gauges were bonded to the specimen surface. The samples were also painted with speckle paint
and digital image correlation (DIC) techniques were employed. High-speed photographic images
of the tests, taken typically at rates between 125,000 and 200,000 frames per second were used
to measure strain. Finally to accurately record the final failure strain a travelling microscope
was used to measure the reduction in area of the sample.
Since the transmitted elastic wave provides a direct measure of the force (F) experienced by the
specimen, force was calculated using strain gauges on the output bar and the following relation:
F = Eoutε0Aout (4.1)
where Eout is the modulus of the material used for the output bar, ε0 is the strain and Aout is
the cross-sectional area of the output bar.
The Hopkinson pressure bar testing was conducted by BAE Systems, Bristol, UK.
Blast testing was conducted on an 800×800 mm plate using a 160 mm diameter charge cylinder.
Testing was conducted by DSTL, Porton Down, UK.
4.3.3 Microscopy
Samples for light microscopy (LM) and electron backscatter diffraction (EBSD) were prepared
following a standard metallographic schedule. Specimens for LM were etched using a solution
of 4 % Nital to reveal the grain boundaries.
Backscattered imaging of the twins and electron backscatter diffraction (EBSD) was performed
on a Zeiss Auriga FEGSEM fitted with an Oxford Instruments HKL Nordlys EBSD detector.
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Transmission electron microscopy (TEM) analysis to obtain high resolution lattice images was
conducted on an FEI Titan 80/300 TEM/STEM microscope, fitted with a monochromator and
image aberration corrector. Samples were electropolished using 5 vol.% perchloric acid and 95
vol.% acetic acid at 30 V DC and at room temperature.
4.4 Results and Discussion
4.4.1 Mechanical Characterisation
The loading of a specimen in a Hopkinson pressure bar test relies on a stress pulse being generated
which is produced by the impact of a projectile on the input bar. Consequently, this limits the
test duration which was ∼500µs in this investigation. Hence, at a strain rate of 1000 s−1 the
final strain in the sample will be ∼50 % engineering strain. Consequently, in some instances
samples did not fail during the first loading test and thus were reloaded under the same test
conditions to induce sample failure.
The dynamic stress-strain response of the TWIP steel subjected to deformation at a range
of strain rates can be seen in Figure 4.2. Here the data presented from the high strain rate
Hopkinson pressure bar tests represents the initial loading for each specimen. The specimen
tested at a strain rate of 1934 s−1 failed during the first loading. However, specimens tested at
strain rates of 1473 and 1606 s−1 were reloaded to induce failure. Two specimens were tested to
∼40 % true strain at strain rates of 950 and 1440 s−1 to investigate the effect of strain rate on
the microstructure. Table 4.1 summarises the testing schedule.
Table 4.1: Summary of the testing conducted on the TWIP steel where some specimens did not fail
(DNF) after initial loading and were subsequently reloaded to induce failure while other samples were
tested to similar amount of deformation.
Strain Rate True Failure Strain (εtfail) Comments
( s−1) (%)
0.001 48 —–
0.1 54 —–
233 53 —–
950 —– DNF,
tested to 38% εt
1440 —– DNF,
tested to 40% εt
1473 48 Reloaded
1606 47 Reloaded
1934 50 —–
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Figure 4.2: Stress-strain behaviour of the investigated TWIP steel subjected to deformation at a range
of strain rates.
Figure 4.2 reveals a distinct increase in the flow stress of the material with increasing strain rate.
Analysis of Hopkinson bar data relies on stress equilibrium being attained along the length of
the specimen. This typically necessitates a minimum of three transits of the stress pulse along
the specimen which occurs after ∼10µs in the current investigation. Consequently, at a nominal
strain rate of 950 s−1 data obtained up to 1 % strain must be treated with caution. However, in
spite of this consideration, it appears, from Figure 4.2, that the investigated material exhibits
an upper yield point at higher strain rates since this behaviour is consistently observed. Similar
behaviour has been observed by Hwang et al. [150] and Li et al. [151]. Discontinuous yielding in
TWIP steels has generally been thought to be caused by the repetitive ageing and depinning of
dislocations due to dynamic strain ageing. This gives rise to Portevin-Le Chaˆtelier (PLC) bands,
which are areas of localised plastic deformation associated with discontinuous yielding [152].
Similarly, it has also been suggested that, since the discontinuous yielding is often of observed
over a large range of strain rates, it may be due to deformation band propagation [153]. This
is because twins are efficient stress concentrators; they may emit full and partial dislocations
into neighbouring sites which subsequently promote band formation. Nonetheless, it cannot be
categorically concluded that the upper yield observed is not due to a non-equilibrium of the
stress pulse during the Hopkinson bar testing.
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The yield stress exhibits a positive strain rate sensitivity from quasi-static to higher strain
rates with a marked increase exhibited at 950 s−1. However, the yield stress exhibits a weak
strain rate sensitivity during testing at even higher strain rates. An increase in the yield stress
is usually observed with high strain rate testing and is commonly attributed to viscous drag
on the moving dislocations during deformation. Therefore, it may be suggested that the weak
sensitivity observed at strain rates greater than 950 s−1 are due to relatively smaller viscous drag
effects occurring compared to the significant change encountered between 0.001 and 950 s−1.
Xiong et al. [147] have reported similar observations with an additional increase in yield stress
at 5000 s−1.
The total elongation, i.e. failure strain of the material, appears to be relatively unaffected by
the strain rate, Table 4.1. The stress-strain data suggests that twinning may not be hindered
with increasing strain rate since a substantial reduction in ductility is not observed during high
rate testing. The increase in the sample temperature due to adiabatic heating during dynamic
loading can be estimated using the following expression:
∆T =
∆Q
ρCp
=
β
ρCp
∫ εmax
0
σ dε (4.2)
where ∆Q is the fraction of mechanical energy that is converted to heat energy, ρ is the density
and Cp is the specific heat capacity. Assuming that >90 % of the mechanical energy is converted
to heat (i.e. β = 0.9) the temperature rise at maximum strain during dynamic testing at a
strain rate of 1934 s−1 is estimated to be &140◦C (ρ = 7.8 gcm−3 and Cp = 0.46 kJ/kgK). This
temperature increase will consequently produce a significant increase in the stacking fault energy
[33; 150]. However, the relatively insignificant effect of strain rate on the elongation observed
during dynamic testing in this study suggests a higher stacking fault energy during the test
does not inhibit twinning. Considering the calculated SFE for the experimental material and
the associated uncertainty an increase of ∼25 mJ m−2 in the SFE would still favour deformation
twinning. Furthermore, the effect of dynamic loading on twinning is still an area of debate since
extensive deformation twinning has been observed during high strain rate testing. In addition,
some authors have observed a greater propensity for deformation twining in materials tested at a
high strain rate compared to quasi-static rates [8]. Adiabatic shear banding will also contribute
to the overall deformation at higher strain rates.
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Figure 4.3: Hardening behaviour exhibited during deformation at different strain rates.
The strain hardening behaviour of the material with deformation at increasing strain rates is
illustrated in Figure 4.3. The material exhibits a characteristic high work hardening rate which
is often observed in steels which deformation via twinning. Initially a decrease in the hardening
rate with the onset of straining occurs which is followed by an increase, although this increase
appears to be more significant at the highest strain rate of 1934 s−1. This rise is associated with
an increase in the deformation twinning activity and also the possible activation of secondary
twin systems. Finally, at higher strain the hardening rate decreases which is due to a reduction
in the twinning activity. Although the hardening behaviour observed through the strain rate
window is similar, the hardening rate exhibited at 950 s−1 appears to be lower compared to the
materials tested at quasi -static and higher strain rates. Hence this may suggest that strain rate
has a weak effect on the strain induced hardening mechanism.
The TWIP steel exhibited considerable toughness after blast testing and revealed no indication
Figure 4.4: Deformed TWIP steel plate post blast testing. Arrows denote regions from which material
was obtained for microstructure characterisation.
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of bursting under blast loading, Figure 4.4. Post blast testing a crater with a bulge depth
of ∼160 mm was produced along with severe folding of the plate at approximately quarterly
intervals around the bulge.
4.4.2 Microstructure Observations
The final deformed microstructure of the samples tested to failure is shown in Figure 4.5. The
observed microstructure reveals the presence of numerous adiabatic shear bands which appear
as white bands at ∼45 ◦ to the loading direction (RD). However, this feature is not observed
at the slowest strain rate i.e. 0.003 s−1. The presence of shear bands at the higher strain
rates demonstrates that adiabatic shear localisation is an important deformation mechanism at
higher strain rates in addition to slip and twinning. The origin of adiabatic shear banding is
often attributed to changes within the material at a fundamental level where dislocation pile-
up avalanches occur. These are associated with strong microstructural obstacle collapses [110].
In addition, the deformed microstructures reveal that deformation twinning occurs within the
material at all the strain rates tested. However, the density of deformation twins and the number
1934 s-11606 s-11473 s-1
233 s-10.1 s-10.003 s-1
20 µm
RD
TD
Figure 4.5: Light microscopy showing the effect of strain rate on the microstructure of the TWIP steel
tested to failure, RD = loading direction.
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of active twin systems appears to decrease with increasing strain rate, Figure 4.6.
It can be seen from Figure 4.6 that deformation twinning is more profuse at the slower strain
rate of 233 s−1 compared to a strain rate of 1934 s−1. An explanation for this behaviour is most
likely to be due to a localised temperature increase within the material caused by adiabatic
heating. The increment in sample temperature at the experimental strain rates would be suf-
ficient to increase the stacking fault energy of the material. This will subsequently reduce the
propensity for deformation twinning within the material. Furthermore, this phenomenon has
been observed elsewhere in TWIP steels [33; 150; 154]. The deformation twins formed within
the sample tested at 233 s−1 appear to be thinner compared to the twins present within the
microstructure of the material tested at 1934 s−1. Since deformation twinning is a phenomenon
which proceeds through a dislocation mechanism, the difference in twin morphology and volume
fraction at different strain rates may be due to a dislocation based process. At high strain rates,
dislocations will have less time to wait at obstacles to gain sufficient thermal energy to overcome
an obstruction. In addition, viscous drag effects also occur. Twin bundles are observed in both
samples. However, the bundles formed at the higher strain rate are thicker.
Secondary twins are also observed in the material tested at 233 s−1, Figure 4.6(b). These twins
develop within the interspaces of the primary twins and are blocked by them thus forming
a ‘ladder-like’ structure. This phenomenon has been observed elsewhere under quasi-static
conditions [122; 155]. The formation of secondary twins at the lower strain rate suggests greater
dislocation activity occurring since partial dislocations are required to nucleate and thicken the
twins. Li et al. [151] have reported similar observations. The width between the twin interspaces
also appears to be affected by the strain rate, here we observe that the distance between twins
is shorter at a high strain rate. The presence of secondary twin systems and difference in
twin morphology at a lower strain rate will have an impact on the effect the strain hardening
behaviour of the material. This is evident from the stress-strain behaviour, Figure 4.2, where
a clear difference in the strain hardening behaviour at 233 s−1 compared to 1934 s−1 can be
observed. The changes in the hardening rate observed are often associated with the initiation of
profuse twinning and also the activation of new twin systems, which is observed at ∼10 % strain
when testing at 233 s−1, Figure 4.2.
The effect of strain rate on the deformation behaviour of samples subjected to a similar level of
deformation i.e. ∼50 % strain is shown in Figure 4.7. The EBSD maps have been reconstructed
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Figure 4.6: Backscatter electron images demonstrating the effect of strain rate on the twinning behaviour
of the TWIP steel tested at (a, b) 233 s−1 and (c, d) 1934 s−1.
using inverse pole figure (IPF) colouring relative to the loading direction (rolling direction).
This allows grain boundaries to be discerned and orientation relationships within grains to
be identified and analysed. A material commonly reacts to deformation through intragranular
lattice rotations. This is a manifestation of the plastic strain where dislocation recovery has taken
place, consequently leading to the formation of dislocation subcells. Thus, if these subcells are
sufficiently large to be within the spatial resolution of the combined SEM and EBSD systems,
minute distortions in the orientation can be visualised. This allows subsequent analysis to be
conducted in a quantitative manner. The amount of rotation between the neighbouring pixels
within the map will be dependent on the step size utilised in the data acquisition, in addition
to intragranular rotations taking place within the material. However, the cumulation rotations
can be obtained.
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Figure 4.7: EBSD map with IPF colouring relative to the loading direction (RD) and KPQ colouring
showing the effect of strain rate on material tested to approximately 50 % strain at (a) 950 s−1 and (b)
1440 s−1. Indexing rate of 89 % and 85 % respectively using a 50 nm step size, unindexed points are black.
A large degree of intragranular misorientation is observed in both samples. However the material
tested at 950 s−1 exhibits a larger cumulative level of misorientation i.e. ∼25 ◦ over a 10µm
distance compared to ∼10 ◦ for the material tested at 1440 s−1. Although the relative point to
point misorientation in both materials remains small, varying between 1 - 1.5 ◦. The high level of
misorientation observed at the lower strain rate suggests a higher dislocation density within the
grain. Furthermore, both samples exhibit a tendency to nucleate twins preferentially in grains
which have a 〈111〉//RD orientation which is the favoured orientation for deformation twinning
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in f.c.c. materials. However, Figure 4.7 also indicates that profuse twinning is favoured at a lower
strain rate for a similar level of deformation. Here we observe the activation of multiple twin
systems compared to the sample tested at a higher strain rate of 1440 s−1. The higher level of
intragranular misorientation observed at a lower strain rate and the implied higher dislocation
density would promote the nucleation and growth of deformation twins. In addition, highly
misorientated subregions are observed within a single grain in the material tested at 950 s−1
which consequently fragment the grain, Figure 4.7(a). These regions appear to also delimit the
deformation twin types present within the grain. The band contrast i.e. Kikuchi pattern quality
(KPQ) map, however, does not suggest the presence of sub-boundaries as observed by Barbier
et al. [19].
The microstructure of the material subjected to blast testing was characterised from two loca-
tions, namely from the centre and wall of the crater created post blast testing, denoted by the
20 µm
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(b)
10 µm
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25 µm
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Figure 4.8: Microstructure of the steel plate post blast testing taken from (a) the wall of the crater
created during testing, (b, c) the centre of the plate which also exhibits numerous grains with a ‘wavy’
characteristic (denoted by the arrow) and (d) sample deformed to a similar strain at a lower strain rate.
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arrows in Figure 4.4. The strain at the centre of the plate was estimated to be ∼25 % from the
reduction in the plate thickness post testing. However, the material at the wall of the bulge was
subjected to a shear type loading, consequently making an estimate of the strain difficult.
Light microscopy reveals relatively few deformation twins present in the microstructure from
both locations when compared to a sample deformed to a similar strain at a lower strain rate,
Figure 4.8. Furthermore, adiabatic shear bands which are often observed during high strain
rate deformation are not present while the grain structure appears relatively undeformed. The
lack of shear bands may suggest that localised temperature gradients during testing were not
sufficient to facilitate the formation of the shear bands since the plate tested was relatively
large. An interesting feature is observed in the microstructure of the sample taken from the
centre of the plate. Here the presence of numerous grains which exhibit a ‘wavy’ characteristic
is observed, Figure 4.8(b)&(c). X-ray diffraction analysis of the material using a slow scan i.e.
1000 s count time per point, does not reveal the presence of any additional phases other than
austenite, such as ε-martenite, Figure 4.9. Furthermore, similar grains are not observed in the
microstructure around the wall of the crater. Similar microstructures are occasionally observed
in f.c.c. materials which are subjected to an increasing pre-strain on the twinning plane. This
results in the spacing between twinned regions to increase and causes the twin boundaries to
become wavy. This occurrence may also be due to a strong interaction between initial twins
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Figure 4.9: XRD scan of material taken from the centre of the blast plate does not indicate the presence
of secondary phases such as ε-martenite.
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Figure 4.10: EBSD maps with IPF colouring relative to the blast direction (ND) coupled with band
contrast showing material response at (a) the bulge centre, (b) bulge edge when subjected to blast loading.
Indexing rate of 97 % and 98 % respectively using a step size of 100 nm. IPF map showing the orientations
in which deformation twins are observed corresponding to the microstructure observed at the centre of
the blast crater(c).
and slip [145]. Since the loading on the material during blast testing is complex and not a
simple tension mechanism, it is possible for twins to form early in certain orientations which
are subsequently rotated with further deformation. This rotation is accompanied by a strong
interaction with slip thus resulting in the observed wavy microstructure.
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Electron backscatter diffraction (EBSD) of specimens taken from the centre and wall of the blast
crater reveal the relative lack of deformation twins at the wall, Figure 4.10. However, EBSD
does indicate the formation of numerous twins in the specimen taken from the centre of the blast
crater, Figure 4.10(a). An interesting observation here is that the twins form in grains which
are orientated along the line between the 〈001〉//BA (blast axis) and 〈111〉//BA, Figure 4.10(c).
Analogous to slip, twinning proceeds according to its Schmid factor distribution. During uniaxial
tension grains with 〈111〉 near parallel to the tensile axis exhibit Schmid factors for twinning
which are higher to that for slip. Consequently, these grains exhibit a large volume fraction
of twins and also contain multiple twin systems. Conversely, during compression twinning is
favoured in grains which are orientated with their 〈001〉 parallel to the loading axis, since the
Schmid factor for twinning is higher compared to slip during compression within such grains.
The distribution of the majority of deformation twins along 〈001〉//BA and 〈111〉//BA is most
likely due to the complex loading on the material during blast testing. The Schmid factor of
the grains within which deformation twinning is observed in Figure 4.10(a) was calculated using
the Channel 5 EBSD software. The results revealed that grains in the 〈111〉//BA orientation
which also contained twins have a relatively larger Schmid factor value for twinning compared
to slip. However, grains containing twins with an orientation lying along the 〈001〉//BA and
〈111〉//BA line had either Schmid factors for twinning which were almost identical to that for
slip or they exhibited a higher Schmid factor for twinning than that for slip. Furthermore, the
calculated twin Schmid factors for these grains were also higher than the twin Schmid factor for
grains in the 〈111〉//BA orientation. This indicates that during blast loading the formation of
deformation twins is relatively easy in grains lying along the 〈001〉//BA and 〈111〉//BA line. In
addition, a number of the deformation twin bundles identified in Figure 4.10(a) are evidently
thicker than 100 nm since they are easily indexed using the resolution of the EBSD technique.
This suggests that twinning is relatively profuse in these orientations since the twin bundle
thickness is large.
Transmission electron microscopy of the blasted material examined from the centre of the blast
crater revealed numerous deformation twins, Figure 4.11. The structure around and within the
twins indicated the presence of numerous stacking faults. The cell type structure that can be
seen in Figure 4.11(e) is produced by a high density of stacking faults. The faults that were
examined within the twins during our analysis were determined to be intrinsic stacking faults.
Multiple stacking faults within a range of a few atomic layers were also observed as indicated
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Figure 4.11: High resolution transmission electron microscopy of blasted material examined from the
centre of the blast crater revealing (a) numerous deformation twins, (b-d) internal structure of a selected
twin (circled) taken on the [110] zone axis, showing numerous intrinsic stacking faults (arrow), (e) high
density of stacking faults around the twin and (f) wavy microstructure similar to that observed under
light microscopy.
in Figure 4.11(d). The internal twin structure was imaged on the [110] zone axis. In addition,
Figure 4.11(d) was post processed to observe the faults more clearly. Firstly a band-pass (or top-
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hat) filter was applied to the Fourier transform pseudo-diffraction image. Then a deconvolution
process using a Gaussian kernel was applied to the image. Finally a reconvolution process was
applied using a smaller size kernel. Even though the high resolution images are filtered it is
difficult to clearly visualise some defects, such as two faults in close proximity to each other.
The apparent presence of only intrinsic stacking faults is consistent with observations made by
Idrissi et al. [156] where intrinsic stacking faults were observed in high manganese steels that
deform via twinning and extrinsic faults were observed when the ε martensite transformation
occurs. A structure similar to the ‘wavy’ grains observed under light microscopy (Figure 4.8) was
also observed using TEM, Figure 4.11(f). This was observed in some grains, while neighbouring
grains did not exhibit a similar structure. Finally, it should be noted that phase contrast
imaging is sensitive to strain. Therefore it becomes difficult to analyse high resolution TEM
images. Hence it is suggested that further work needs to be conducted to elucidate the current
observations using high resolution, high angle annular dark field (HAADF) STEM and centre
of symmetry analysis [157; 158].
4.5 Conclusions
The effect of dynamic strain rates on the mechanical behaviour and microstructure of a TWIP
steel have been investigated using Hopkinson pressure bar testing and blast testing. The me-
chanical response of the material was augmented through microstructural characterisation using
a range of techniques including electron backscatter diffraction (EBSD). Subsequently, the fol-
lowing conclusions can be drawn from the investigation:
1. A 15Mn-2Al-2Si-0.7C wt. % TWIP steel was tested at a range of strain rates between 10−3
– 1934 s−1 using Hopkinson pressure bar and blast testing.
2. A distinct increase in the flow stress of the material was observed at higher strain rates.
The yield stress exhibited a positive strain rate sensitivity from quasi-static strain rates
up to 950 s−1, however, only a weak sensitivity is observed at even higher strain rates.
3. Strain rate appeared to have a weak influence on the failure strain of the investigated
material. Furthermore, the characteristic hardening behaviour also remained similar with
increasing strain rate.
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4. The investigated TWIP steel exhibited considerable ductility during blast testing.
5. The microstructure of the material indicated that deformation twinning was less profuse
at higher strain rates, while all the samples tested exhibited adiabatic shear bands apart
from the material loaded at a strain rate of 0.003 s−1. In addition, adiabatic shear bands
did not form during blast testing.
6. EBSD revealed the formation of multiple twin systems during deformation at lower strain
rates which was not observed at higher strain rate. At lower strain rates, the material ex-
hibited larger intragranular misorientations suggesting larger dislocations densities existing
in the material.
7. The microstructure of the blast tested specimen exhibited a ‘wavy’ microstructure in
selected grains, which is likely to have developed due to the complex loading experienced
during testing.
8. TEM revealed the presence of a high density of intrinsic stacking faults both around and
within the twins in the blasted material.
Chapter 5
The Effect of Grain Size on the Twin
Initiation Stress in a TWIP Steel
5.1 Summary
This chapter investigates the influence of grain size on the twinning stress in a TWIP steel.
Five grain sizes were obtained using a combination of cold rolling and annealing. Electron
backscatter diffraction (EBSD) analysis revealed that the material exhibited a typical cold rolled
and annealed texture. Tensile testing showed the yield stress to increase with decreasing grain
size, however, the ductility of the material was not substantially affected by a reduction in grain
size. Cyclic tensile testing at sub-yield stresses indicated the accumulation of plastic strain with
each cycle, consequently, the nucleation stress for twinning was determined. The twin stress was
found to increase with decreasing grain size. Furthermore, the amount of strain accumulated
was greater in the coarser grain material. It is believed that this is due to a difference in the twin
thickness, which is influenced by the initial grain size of the material. SEM and TEM analysis
of the material deformed to 5 % strain revealed thinner primary twins in the fine grain material
compared to the coarse grain. TEM examination also showed the dislocation arrangement is
affected by the grain size. In addition, a larger fraction of stacking faults was observed in the
coarse-grained material. It is concluded that the twin nucleation stress and also the thickness
of the deformation twins in the material, is influenced by the initial grain size of the material.
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5.2 Introduction
The widespread use of TWIP steels, particularly for automotive applications, has been limited.
This is partly due to their relatively low yield strength, when compared to other advanced high
strength steels (AHSS). Therefore, a requirement exists for producing TWIP steels that exhibit
higher strength without a detrimental influence on the ductility.
The stress required to generate twinning, known as the ‘twinning stress’, can be considered to
be a combination of two separate terms. Firstly, a stress is required for twin nucleation followed
by a further stress for twin growth, together defining the twinning stress. However, determining
the stress required to nucleate a twin experimentally is extremely difficult [39]. Consequently, it
is generally considered that the nuclei for twins already exist within the material e.g. stacking
faults, and that the twinning stress which is experimentally determined is actually the stress
required for twin growth.
The morphology and thickness of deformation twins is controlled by the SFE as proposed by
Friedel [159], which has been extended by Allain et al. [155] who defined a linear relationship
between SFE and twin thickness. Similarly, twin thickness is also affected by the initial grain size
of the material [155]. Once the first twin system is activated, the twins must develop through
the whole grain. However, once secondary twin systems become active, the twins only need to
develop between one twin boundary to another since twin boundaries are strong obstacles and
comparable to grain boundaries. Thus, secondary twins are much thinner than the primary
twins and larger grain sizes promote the growth of thicker primary twins.
The requirement for improved yield strength in TWIP steels can be achieved using a range of
methods. Precipitation strengthening is one. However, the high concentration of carbon, which
is generally alloyed into TWIP steels, can lead to the formation of carbides. Furthermore, for
longer annealing periods the formation of pearlite can occur [20]. Another method available
for improving the strength of an alloy is grain refinement. This is attractive since it does not
involve changing the chemical composition of the material. Bouaziz et al. [20] have predicted
that a yield stress of 700 MPa can be obtained in an Fe-22Mn-0.6C TWIP steel with a grain
size of ∼1µm. Similarly, Santos et al. [160] and Kang et al. [161] have investigated the effect of
annealing temperature on recrystallisation in TWIP steels, concluding that specimens exhibiting
a finer grain size also display higher yield strengths.
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Deformation twinning is strongly dependent on crystallographic grain orientation and the aver-
age grain size of the material [74; 162]. However, only a few studies have been conducted which
investigate the influence of grain size on the strain hardening and twinning behaviour in TWIP
steels [72; 74; 75; 163; 164]. Gutierrez-Urrutia et al. [75] have attempted to elucidate the role
of grain size on the strain hardening behaviour of a TWIP steel by investigating the dislocation
and twin substructures in the material using electron channeling contrast imaging (ECCI). The
authors concluded that the fine-grained material investigated exhibited a different hardening
behaviour compared to the coarse-grained material. This behaviour is explained by the exis-
tence of a loose dislocation arrangement in the fine-grained material compared to a cell block
structure in the coarse-grained. This leads to the formation of a single twin type, lamellar twin
structure in the fine-grained material and a multiple twin substructure in the coarse-grained
consisting of two active twin types.
In a separate study, Gutierrez-Urrutia et al. [74] found that grain refinement within the microm-
eter range does not suppress deformation twinning, although it does become more difficult and a
reduction in twin area fraction occurs in the finer grain material. The authors also found that a
Hall-Petch expression provided a reasonable estimate for the effect of grain size on the twinning
stress and the experimental evidence suggested that the effect of the grain size on twinning
stress was similar to the effect on the yield stress of the material. However, Ueji et al. [164]
suggest that deformation twinning is strongly suppressed by grain refinement. The contrasting
conclusions from the two studies may be due to the influence of the stacking fault energy of the
alloys investigated in each study. Gutierrez-Urrutia et al. [74] used an alloy with a low stacking
fault energy (∼24 mJ m−2 [41; 44; 135]), whereas Ueji et al. [164] utilised a material alloyed with
aluminium and silicon, which had a higher SFE (∼42 mJ m−2).
Bouaziz et al. [72] have studied the effect of grain and twin boundaries on the hardening mecha-
nisms of TWIP steels, with particular emphasis on the Bauschinger effect during reverse strain
testing. Here the authors concluded using a physically based model that the twin nucleation
stress was independent of the grain size and was approximately 550 MPa for the grain sizes
investigated (between 1.3 - 25µm). They consequently inferred that the twin initiation strain
increased with grain size and was 12 % true strain for a 25µm grain size.
In this chapter the effect of austenite grain size on the hardening behaviour and twin initiation
stress of a TWIP steel has been investigated by performing a variety of tensile tests. A range
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of grain sizes has been obtained by varying annealing time. The effect of grain size on the
mechanical properties and hardening behaviour has been determined and the twin initiation
stress has been investigated using cyclic tensile testing. Finally, the mechanical testing results
have been rationalised and augmented using a range of microscopy techniques.
5.3 Experimental Procedures
5.3.1 Cold Rolling and Annealing Procedure
Strips measuring 25×80 mm were cold rolled parallel to the rolling direction of the as-received
TWIP steel plate at ∼10 % reduction per pass to a final thickness reduction of 50 %; thereby
achieving a 1.5 mm final strip thickness.
In order to obtain a range of grain sizes the strips were annealed at 850 ◦C, employing different
soaking times in the furnace to achieve the final grain sizes. Samples were subsequently either
quenched in cooled brine, water or were air cooled. The experimental annealing schedule is
summarised in Table 5.1.
Table 5.1: Annealing schedule used to obtain different grain sizes from the cold rolled TWIP steel.
Sample Annealing Annealing Cooling
temp ( ◦C) time (min/h) conditions
1 850 1 min -20 ◦C, brine quench
2 850 2 min Water quench
3 850 24 h Air cool
4 850 96 h Air cool
5.3.2 Microscopy
Samples for light microscopy (LM) and electron backscatter diffraction (EBSD) were prepared
following a standard metallographic schedule. Specimens for LM were etched using a solution
of 4 % Nital to reveal the grain boundaries.
EBSD was performed for grain size analysis on a JEOL JSM6400 SEM fitted with an Oxford
Instruments HKL Nordlys EBSD detector. Step sizes ranging between 0.15-1µm were selected
for indexing. Backscattered imaging of the fine twins was conducted on a Zeiss Auriga FEGSEM.
Samples for transmission electron microscopy were prepared using Focussed Ion Beam (FIB)
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milling on a FEI Helios NanoLab 50 series DualBeam microscope and TEM examinations were
conducted on a JEOL 2000FX microscope.
5.3.3 Weibull Cumulative Distribution Functions
It is common practice to plot grain size distributions from EBSD data in the form of binned
histograms. However, this does not allow the easy interpretation of the grain size distribution in
a statistically meaningful manner i.e. the mean, standard deviation or kurtosis. Furthermore,
the number of grains sampled and hence the significance of any anomalies which for example
may reveal a multimodal grain distribution are also unclear. Finally, the unit of the frequency
axis is also often unclear, i.e. whether it is number or area normalised, making it difficult to
compare distributions.
In the present study, we fit a distribution function to the cumulative distribution function (CDF)
using a Weibull smoothing method, Figure 5.1(a). This allows the probability distribution to
be plotted in a manner that permits the comparison between microstructures in both a visual
and statistical fashion, Figure 5.1(b). We have chosen to use a Weibull function in the current
analysis, but we acknowledge that the choice of function should ultimately be placed on a
theoretically sound foundation, which would be a useful topic for further work based, e.g. on
recrystallisation modelling [165].
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Figure 5.1: Weibull smoothing procedure where (a) the cumulative distribution function (CDF) of the
raw EBSD data is fitted using a Weibull function and (b) smoothed probability density function (PDF)
is plotted using a derivative of the fitted Weibull.
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5.3.4 Texture
After cold rolling and annealing, the texture was characterised from EBSD measurements where
a minimum of 1000 grains had been indexed. The data was then used to reconstruct a complete
orientation distribution function (ODF) using spherical harmonics. A WIMV calculation was
then performed to remove any ‘ghost’ points. This involves fitting a minimum-curvature orien-
tation distribution (based on the weight of each Euler angle triplet) to the spherical harmonics
pole figure. The WIMV calculated ODF is then used to reconstruct the final set of experimental
pole figures. These are then visualised using the software Pod2k. The WIMV calculated ODF is
also used to determine the texture index (TI). The texture index is useful parameter to compare
the texture strength of a sample without regard for the individual components of that texture,
where the TI is the mean square value of the orientation distribution. Therefore, a random
material has a TI equal to unity, while textured samples have higher values.
5.3.5 Tensile Testing
Tensile testing was conducted on a Zwick Roell 100 kN load frame using a 10 mm gauge length
extensometer. Testing was conducted at a nominal strain rate of 10−3 s−1 on samples with gauge
dimensions of 19×1.5×1.5 mm. The tensile axis was aligned to the rolling direction of the plate.
5.3.6 Cyclic Testing and Twin Stress Determination
It has been shown in Chapter 3 that experimental TWIP steel twins at stresses below the
macroscopic yield point. Thus, it is possible to experimentally determine the twin initiation
stress for various grain sizes using a series of cyclic tensile tests at different target stresses which
are below the yield stress. The total accumulated strain (εt) can be determined after a set
number of loading cycles (N). This can then be used to calculate the amount of microstrain
induced per cycle (εcycle) for a given target stress, i.e. εcycle = εt/N. Once the accumulated
strain at different stresses is determined for each sample, a linear relationship can be used to
determine the twin initiation stress.
Cyclic testing was conducted between a threshold stress of 10 MPa and a selected target stress
for 50 cycles. The initial target stress was 100 MPa, this value was increased by an additional
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100 MPa upon completion of every 50 cycles up to the yield stress for each experimental sample.
Each test was conducted on separate tensile specimens with gauge dimensions of 19×1.5×1.5 mm,
the tensile axis was aligned to the rolling direction of the plate. Testing was conducted under
position control at a nominal strain rate of 10−3 s−1.
5.4 Results and Discussion
5.4.1 Microstructure Characterisation
The microstructure of the test material after cold rolling and annealing was fully austenitic
for all the experimental annealing times. Electron backscatter diffraction (EBSD) revealed the
existence of numerous Σ3 annealing twins. However, no evidence of -martensite was found,
Figure 5.2(a-e). EBSD was also used to determine the average grain size, Figure 5.2(f). Here
twin boundaries were excluded from the grain size analysis. The cumulative distribution function
(CDF) from the raw EBSD data was smoothed using a Weibull fitting function. Subsequently,
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Figure 5.2: EBSD maps with IPF colouring relative to the rolling direction of specimens cold rolled
to 50 % reduction and annealed for; (a) 1 min followed by brine quench, (b) 2 min then water quench,
(c) as-received material, (d) 24 h then air cooled and (e) 96 h air cooled. Number average grain size
distribution smoothed using a Weibull fitting function (f).
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Table 5.2: Average grain size determined from EBSD after cold rolling to 50 % reduction and annealing
at 850 ◦C.
Sample Annealing Cooling Scan Area No. of Sampled Average grain
time (min/h) conditions (µm) Grains size (µm)
1 1min -20 ◦C, brine quench 50 × 50 1571 0.7 ± 0.5
2 2min Water quench 200 × 150 1077 4.3 ± 2.4
AR —— —— 500 × 500 1683 10 ± 6.0
3 24 h Air cool 2500 × 1500 1320 45 ± 2.0
4 96 h Air cool 2500 × 2500 1142 84 ± 1.0
the final number average grain size distribution function was obtained from the derivative of the
Weibull function.
A unimodal grain size distribution was observed in all the samples, Figure 5.2(f), and average
grain sizes between 0.7 - 84µm were obtained using the different annealing schedules, Table 5.2.
The experimental steel had an average grain size of 10µm in the as-recieved material condition.
Therefore, this sample was not subjected to additional cold rolling and annealing.
The texture of the investigated alloy after cold rolling and annealing was determined using EBSD
after a minimum of 1000 grains were indexed, Figure 5.3. A typical cold rolled and annealed
texture is exhibited, consisting of three main components i.e. Brass, Goss and Copper. The
annealed and recrystallised texture is similar to that which would be expected in a cold rolled
sample [166] with the exception of weakening of the texture intensities. Since the recrystallised
texture shares the main components to a typical cold rolled f.c.c. texture, it may indicate
that recrystallisation occurs via a site saturated nucleation mechanism as suggested by Bracke
et al. [166]. The texture seen in Figure 5.3(AR) is weak and is essentially random texture.
This is the 10µm grain size specimen which is tested in the as received material condition,
and has not been further cold rolled and annealed. Retention of cold rolling texture does not
always occur and randomisation is possible. This may be due to the fragmentation of coarse
grains during cold rolling and the profuse formation of annealing twins, particularly at higher
annealing temperatures.
5.4.2 Mechanical Characterisation
The tensile behaviour of the five grain sizes investigated in this study can be seen in Figure 5.4(a).
A significant influence of grain size on the yield strength of the steel is clearly seen and, as
expected, the yield strength increases with decreasing grain size. Similarly, an increase in the
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Figure 5.3: Characteristic cold rolled and annealed texture determined using EBSD for the different
annealing conditions along with the texture index (TI); (1) 0.7µm material, (2) 4.3µm, (AR) 10µm
material in the as-received condition, (3) 45µm and (4) 84µm grain size TWIP steel.
ultimate tensile strength (UTS) is exhibited with decreasing grain size. However, an interesting
observation is that the elongation to failure for all the experimental samples is relatively similar
and a decreasing grain size appears to have little effect on the strain to failure. It has been
reported elsewhere [167] that although high stacking fault energy (SFE) f.c.c. and b.c.c. alloys
tend to display high yield strengths with a reduced grain size such as 1µm, they also tend to
exhibit a substantial loss in ductility. The observations in the experimental material may be
ascribed to the relatively low SFE of the alloy and also due to a minor influence on deformation
twinning caused by a reduced grain size.
A remarkably high strain hardening rate is observed for all the grain sizes investigated, which is
114 Chapter 5. The Effect of Grain Size on the Twin Initiation Stress in a TWIP Steel
200
400
600
800
1000
1200
0.7µm
4.3µm
10µm
45µm
84µm
0 10 20 30 40 50 60
1 2 3 4 1 43
Strain 
S
tr
a
in
 H
a
rd
e
n
in
g
 
Fine Grain
(0.7 µm)
Coarse 
Grain
(84 µm)
(a)
(b)
E
n
g
in
e
e
ri
n
g
 S
tr
e
ss
 (
M
P
a
)
True Strain (%)
Tr
u
e
 H
a
rd
e
n
in
g
 R
a
te
 (
d
σ
/d
ε)
1000
2000
3000
6000
7000
0
500
1000
1500
2000
0
Tr
u
e
 S
tr
e
ss
 (
M
P
a
)
0 10 20 30 40 50
(c)
Engineering Strain (%)
4000
5000
Figure 5.4: Influence of grain size on the mechanical behaviour of the experimental TWIP steel. (a)
engineering stress-strain response, (b) true stress-strain behaviour and strain hardening behaviour.
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characteristic of f.c.c. steels which deform via twinning. However, the hardening behaviour of
the material is also affected by the grain size where an extra work hardening region is exhibited
in the hardening curve of the fine grain (FG) specimens i.e. 0.7 and 4.3µm when compared to
the three hardening regimes exhibited by the coarse grain (CG) material, Figure 5.4(b).
The hardening behaviour exhibited by the fine grain material initiates with a decrease in the
hardening rate with the onset of straining (region 1). This behaviour is akin to the stage III hard-
ening regime which is seen in some high SFE materials that also display dynamic recovery [168].
The decrease in hardening observed in region 1 is non-linear. This suggests a non-equilibrium
between the accumulation and recovery of dislocations. The consequent implication is that a
certain level of strain is required before the deformation twins being formed are thick and fre-
quent enough to affect the hardening rate. The first stage of the hardening behaviour extends
to a minimum with further strain, finally transiting to region 2. Region 2 initiates with an
increase in the hardening rate. This is caused by an increase in the deformation twinning rate.
Furthermore, it has been suggested that the increase in the hardening rate may be due to the
activation of secondary twin systems [19; 169]. The second hardening stage extends to a maxi-
mum after which the third region in the hardening behaviour begins. Region 3 extends to higher
strains (∼30 % strain) and proceeds over a larger strain window compared to regions 1 and 2.
As region 3 extends with further straining, a subtle and gradual decrease in the gradient of the
hardening rate is observed (∼30 %), which leads to the onset of region 4. Region 4 continues
with a decrease in the work hardening rate until the UTS is reached. The initial decrease in the
hardening rate is likely to be caused by a reduction in the twinning activity. Since previously
formed twins will now be present in the microstructure, they will have effectively reduced the
grain size of the material. Therefore, higher stresses will be required to generate further twins.
As deformation progresses, the twin volume fraction will inevitably increase and consequently
the twin bundles will become denser and thicker. The fraction of newly twinned grains will sat-
urate and the nucleation of new twins will become more difficult in the already strain hardened
parent grains. Any grains which remain free of twins will almost certainly be in an orientation
which is unfavourable for deformation twinning. Hence, a high work hardening rate cannot be
maintained with further strain and, as a consequence, a gradual decrease in the hardening rate
is observed until fracture.
The hardening behaviour exhibited by the coarse grain specimens demonstrates only three dis-
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tinct work hardening regions compared to the four seen in the fine grain material i.e. region
2 is not observed in the coarse grain hardening behaviour. Instead, a gradual decrease in the
hardening rate is observed directly between region 1 and region 3. Similar to the fine grain
behaviour, a delicate change in the hardening rate at higher strains (∼25 % strain) is observed
i.e. a transition between region 3 and 4. However, the reduction in the hardening rate between
regions 3 and 4 (∼50 %) is more defined when compared to the transition seen in the fine grain
behaviour. The hardening behaviour demonstrated by the coarse grain material is often ob-
served in partially recrystallised microstructures. In such cases, an increase in the hardening
rate during early deformation is not observed due to the difficulty of twin formation in the
recovered microstructure [160]. However, since the samples investigated in this study are fully
recrystallised, the lack of increasing hardening rate during the early deformation may be due
to the need for a longer strain window in order to saturate the larger grains with a sufficient
volume fraction of deformation twins compared to the fine grain material. Thus an increase
in hardening rate is not observed. A further cause for the hardening behaviour observed may
be due to a lower primary deformation twinning rate in the coarser grain material. Idrissi et
al. [62] have also reported different hardening behaviours observed for TWIP steels with dif-
ferent chemical compositions. The authors suggested that the different hardening rates were
resultant of different thickness sessile dislocations which are stored at the twin-matrix interface.
In addition, the twins formed in the grain sizes showing an extra hardening region were thinner
and contained a larger density of sessile defects, thus making the twins stronger. Therefore, the
different hardening behaviour observed in the current study may arise due to a difference in twin
thickness, which is influenced by the grain size.
The increase in the strength of the material with decreasing grain size is well represented by a
Hall-Petch type relation:
σy = σ0 +
KHP√
D
(5.1)
where σy is the yield stress, σ0 is the lattice friction stress, K
HP is the strengthening coefficient
and D is the grain size, Figure 5.5. It can be seen from Figure 5.5 that the experimental
values are consistently higher than the predicted behaviour using values for the Hall-Petch
constants from the literature for a Fe-22Mn-0.6C TWIP steel (σ0 = 132 MPa and K
HP =
449 MPaµm1/2) [20; 46]. This would suggest that the addition of aluminium and silicon in
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Figure 5.5: Influence of grain size on the yield strength of the material can be represented using a
Hall-Petch type relationship. The addition of silicon and aluminium in the experimental steel suggests
additional strengthening (black line) compared to an FeMnC TWIP steel (red line).
the present experimental alloy has a significant strengthening influence on the alloy. This will
also alter the SFE and consequently the morphology of the deformation twins. Thus, using Hall-
Petch constants fitted for the experimental data (σ0 = 305 MPa and K
HP = 330 MPaµm1/2)
shows a better agreement with the experimental observations.
5.4.3 Influence of Grain Size on Twin Stress
Cyclic tensile testing revealed that an accumulation of plastic strain occurred with each tensile
cycle at selected stresses, which were below the yield stress of the test specimen. This is illus-
trated in Figure 5.6, which shows the accumulation of strain in the 10µm grain size material,
this behaviour was exhibited by all the different grain size specimens investigated. The stress at
which the accumulation of strain initiated was lower in the coarse grain material, which suggests
that a coarse grain size promotes early deformation twinning.
The twin initiation stress was calculated by plotting the strain accumulated per cycle at dif-
ferent stresses, fitting a linear relationship to the experimental data and finding the intercept,
Figure 5.7. The results indicate that grain size refinement increases the twin initiation stress
in the material, Table 5.3. Furthermore, less strain is accumulated in the fine grain material
compared to the coarse grain which suggests that grain refinement suppresses either the for-
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Figure 5.6: Accumulation of permanent strain during cyclic tensile testing at a range of stresses below
the yield point is exhibited as shown in the 10µm grain size material. This behaviour is characteristic of
all the experimental grain sizes.
mation of twins or the subsequent thickening of the nucleated twins. Using the experimentally
determined twin stress for each grain size, it is possible to estimate the critical twin stress for
twin nucleation at the single crystal limit (i.e. 1/d = 0). This is achieved by plotting the twin
initiation stress against the reciprocal square root of the grain size. Fitting a linear relationship
to the data enables the limit of large grain size to the twin stress to be calculated, Figure 5.8(a).
The experimental data suggests the critical twin nucleation stress for an infinite grain size to be
∼50 MPa.
The calculation of the critical twin nucleation stress in the present work is based on an assump-
tion that the accumulated strain per cycle in Figure 5.6 is constant. However, the accumulated
strain with each loading cycle is initially large, and subsequently reduces with further cycling,
consequently this will influence the calculated twin nucleation stress. Therefore, in order to
estimate the twin stress more accurately it is suggested that further work needs to be con-
ducted involving in-situ microscopy, where the material is loaded and the average stress for twin
nucleation is calculated.
The accumulated strain is obtained at a macro-level stress, this consequently means that all
Table 5.3: Calculated twin initiation stress for different grain sizes.
Sample Average grain size Twin Stress 0.5% Yield Stress
(µm) (MPa) (MPa)
1 0.7 ± 0.5 316 720
2 4.3 ± 2.4 184 640
AR 10 ± 6.0 115 490
3 45 ± 2.0 77 390
4 84 ± 1.0 62 350
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Figure 5.8: (a) Critical twin initiation stress for an infinite grain size TWIP steel determined from
experimental data and (b) effect of grain size on the twin initiation stress shows a Hall-Petch type
behaviour.
grain orientations are considered. However, it has already been shown in Chapter 3 that certain
grain orientations will twin before others. Thus, a consideration of the local stress-state in
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nucleating a twin is important. In the case of twinning Lebensohn et al. [170] have reported
that twin activation is dependent upon components other than the resolved shear. McEwen et
al. [171] have reported a marked relaxation of the stress normal to the basal planes in Zircaloy-2
upon the initiation of twinning. The relaxation is thought to occur because twinning activation
relaxes the stress component normal to the twin plane, in addition to the resolved shear. A
requisite for twin growth is the motion of twin dislocations, i.e. Shockley partials, thus twinning
can be inhibited or enhance by external elastic distortions of the untwined crystal. Therefore
the presence of local stress components other than shear will have a definite influence on the
twinning dynamics.
It is generally accepted that twinning in pure metals and alloys is initiated by pre-existing dis-
locations that dissociate into multi-layered stacking faults which creates a twin nucleus. Several
dislocation based models have been proposed for twin nucleation in f.c.c. materials [80; 82; 83].
All involve the glide of Shockley partial dislocations with Burgers vector a/6〈112〉 on successive
{111} planes. Since twinning is influenced by the SFE, Venables [80] proposed a phenomenolog-
ical relationship between the SFE and the twinning stress where the influence of the SFE on the
twinning stress is propotional. Bases on the analysis of several f.c.c. metals and alloys Narita
and Takamura [172] determined that the SFE and twin stress were proportional such that
τtwin =
γSF
Kbs
(5.2)
where τtwin is the critical resolved shear stress to separate a leading Shockley partial from the
trailing partial and thus create a twin, γSF is the stacking fault energy, K is a fitting parameter
which was determined to be 2 by Narita and Takamura [172] and bs is the Burgers vector for a
Shockley partial dislocation.
Since τtwin can be considered to be the twinning stress for a single crystal, Equation 5.2 can
be used to calculate a critical twinning stress for the experimental alloy using the SFE of the
material. Considering the standard deviation which arises from the thermodynamic derivation
of the SFE in the experimental alloy, a critical twin stress as low as ∼67 MPa is predicted. The
calculated stress is remarkably close to the experimental prediction for the critical twin stress
for the single crystal limit.
It should be noted that such phenomenological relations are limited. Therefore, a degree of
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uncertainty is expected. Kibey et al. [173] have shown that the true twinning stress depends
on the entire generalised planar fault energy, including the unstable twin stacking fault energy
and not just the intrinsic stacking fault energy. Similarly, Meyers et al. [73] have discussed how
the equation proposed by Venables [80] does not always predict the twin stress correctly, even
though the relationship is accurate for most f.c.c. metals. An example of this is the case of some
copper alloys for which the twin stress varies with the square root of the SFE.
The deformation and strain hardening behaviour of low SFE materials is strongly influenced by
grain size and consequently the twin stress is dependent on the initial grain size of the material.
The length scale of twinning is also expected to have a significant effect on the twinning stress
which, in turn, is also affected by the length scale for homogeneous slip. It has been shown by
El-Danaf et al. [174] that the average slip length during straining in low SFE large grain f.c.c.
metals does not change significantly. However, in fine grain materials the average slip length
decreases with strain. Although these reductions are relatively small, it is nevertheless enough
to inhibit the build up of sufficient dislocations that are necessory to nucleate a nano-sized twin.
Furthermore, a low SFE in f.c.c. materials hinders the development of in-grain misorientations.
This allows the slip length to remain close to initial grain size, i.e. before deformation twinning
occurs. Hence, a higher dislocation density and larger average slip length are promoted in a large
initial grain size. Therefore, the twinning stress is expected to increase with grain refinement
since the slip length and dislocation density are reduced, thus making twin nucleation more
difficult.
The predicted twin stress for each grain size investigated was determined to be below the bulk
yield stress of the material, which is contrary to observations made by other authors [72; 74].
Bouaziz et al. [72] have suggested that the twin stress is not affected by the grain size and remains
constant at∼550 MPa. The authors further suggest that the initiation strain for twinning evolves
linearly with grain size, implying that a coarser grain size requires a higher initiation strain.
However, one would expect a larger grain size to promote twinning more readily since the slip
length is greater. Furthermore, the model employed by Bouaziz et al. [72] assumes an average
twin thickness which is not influenced by the initial grain size. Conversely, Gutierrez-Urrutia et
al. [74] have reported the twin stress is strongly influenced by the yield stress which is controlled
by the grain size. Consequently, the authors found that a Hall-Petch type relation provided a
good estimate of the grain size on the twin stress. However, in both these studies the twin stress
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is conflated with the yield stress; this confusion most likely underlies the disagreement between
these authors’ interpretations of their data, and further, with Venables’ theory [80].
The influence of grain size on the twin stress in the current experimental material indicates
that the twin stress decreases with increasing grain size following a Hall-Petch type relationship,
Figure 5.8(b). However, the calculated twin stresses are all below the yield stress of the material.
Consequently, the twinning constant in a Hall-Petch type model would need to be a lower value
than that required for slip. Gutierrez-Urrutia et al. in ref [74] have used a Hall-Petch type
relationship for determining the grain size dependence on twin stress. Using the Hall-Petch
constant value for twinning identical to that for slip, the authors found that the relationship
overestimates the twin stress compared to experimental observations. This suggests a lower
twin constant compared to slip which the experimental observations for the current TWIP steel
support. This also indicates that although the twin stress increases with grain refinement,
twinning is not suppressed.
A noteworthy observation is the calculated twin stress in the as-received condition 10µm grain
size material which is predicted to be ∼115 MPa. This is very similar to the stress at which
deformation twinning was initiated based on the X-ray synchrotron diffraction data presented
in Chapter 3. This is a reassuring observation, since it has been shown in Chapter 3 that
deformation twins are observed in TEM foils prepared from specimens with the (111) orientation
aligned to the tensile axis that have been subjected to cyclic tensile testing at 200 MPa. It has
also been reported by several authors [19; 74; 175] that during the early stages of deformation
in TWIP steels, twinning occurs predominantly in grains orientated close to the 〈111〉//tensile
axis.
Once the critical stress twin nucleation is attained, any further stress only serves to thicken the
already nucleated perfect f.c.c. twins. Therefore, the initial grain size is expected to influence
twin morphology, whereby a larger grain size promotes the formation of thicker twins, since the
twin needs to grow over a larger distance. Renard et al. [176] have recently shown that a greater
twin thickness produces easier internal plasticity of the twins. Therefore, it would be expected
that upon cyclic loading, the coarse grain material would be able to accommodate greater plastic
strain per cycle since the twin thickness is assumed to be greater. As a consequence, the gradient
of the line of best fit in Figures 5.7(a-e) would be expected to increase with grain size, which is
seen in Figure 5.7(f).
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Figure 5.9: Backscattered electron images of the TWIP steel exhibiting different grain sizes after
deformation to 5 % engineering strain showing the relative twin thickness is influenced by the initial
grain size. (a) 0.7µm, (b) 4.3µm, (c) 10µm, (d) 45µm and (e) 84µm grain size material.
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Figure 5.10: Bright field TEM micrographs and selected area diffraction patterns of the 0.7µm (a-c)
and 84µm (d-f) TWIP steel after deformation to 5 % strain. The deformation twins in the fine grain
material are thinner than the twins present in the coarse grain. Numerous dissociated dislocation pairs
are observed in the coarse grain material as indicated by the arrow in (e). A large number of stacking
faults are also present in the 84µm grain size material (f).
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Examination of the microstructure after each grain size material is strained to 5 % engineering
strain reveals that the coarser grain material does indeed contain thicker deformation twins
compared to the finer grain sizes, Figure 5.9. Further investigation of the finest and coarsest grain
size specimens using transmission electron microscopy reinforces this observation, Figure 5.10.
Here we can see that the relative twin thickness in the 84µm is distinctly thicker than those
observed in the 0.7µm material even though both specimens have been deformed to the same
strain. Observations from the fine grain material suggest the presence of primary twin less than
10 nm thick within the material. TEM observations also reveal a contrast in the dislocation
arrangement between the fine and coarse grain samples. The the dislocation arrangement within
the fine grain exhibits a relatively loose configuration and lower volume fraction compared to
the coarse grain. Many of the dislocations observed in the large grain material appear to exist
in dissociated pairs, Figure 5.10(e). The volume fraction of stacking faults observed in the two
samples also appear to be affected by the grain size. A greater fraction of stacking faults were
observed in the coarse grain material, Figure 5.10(f). Since stacking faults essentially operate as
nucleation sites for twin growth, the many more faults observed within the coarse grain material
may explain the lower nucleation stress required to initiate twinning in TWIP steels exhibiting
larger grain sizes. The varying microstructure observations made from the fine and coarse grain
samples suggest the hardening behaviour variation seen during mechanical testing is due to
different twin thicknesses which is affected by the grain size.
5.5 Conclusions
The effect of initial grain size on the mechanical behaviour and microstructure of a TWIP
steel was investigated using a range of tensile testing and microscopy techniques, including
transmission electron microscopy. The following conclusions can be drawn from the investigation:
1. A 15.8Mn-2.2Al-1.4Si-0.7C wt % TWIP steel was produced with 5 different grain sizes
ranging between 0.7 - 84µm using a combination of cold rolling and annealing.
2. The texture of the material represented a characteristic cold rolled and annealed texture
comprising of Brass, Goss and Copper components. The 10µm TWIP was obtained from
the as-received condition material and has a random texture.
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3. The tensile behaviour of the material showed an increase in the the yield stress with
decreasing grain size. This behaviour was represented well using a Hall-Petch type rela-
tionship.
4. The strain hardening behaviour is affected by the grain size, whereby an additional hard-
ening region is observed in the fine grained materials.
5. Cyclic tensile testing of the different grain size specimens at stresses below the yield stress
revealed the accumulation of strain with each cycle. This was also used to determine the
effect of grain size on the twin nucleation stress.
6. The twin nucleation stress was found to increase with decreasing grain size. The critical
twin stress at the single crystal limit was determined to be ∼50 MPa.
7. A larger amount of strain is accumulated per cycle in the coarse grain material compared
to the fine grain material. It is suggested that this is due to the formation of thicker twins
in the coarse grain material.
8. SEM analysis of each grain size material deformed to 5 % engineering strain revealed thicker
deformation twins present in the coarser grain material.
9. TEM examination of the finest and coarsest grain size specimens reinforced the SEM
observations. The dislocation arrangement was also determined to be affected by the
grain size.
10. A larger fraction of stacking faults was observed in the coarse grain material indicating the
relative ease for twin formation in coarse grained TWIP steels compared to a fine grain
material.
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Chapter 6
Conclusions and Further Work
High manganese twinning induced plasticity (TWIP) steels are a unique type of advanced high
strength steels that are capable of exhibiting high strength and excellent ductility. This makes
these alloys ideal candidate materials for engineering applications that require a high energy ab-
sorption capacity, such as automotive crash safety systems or armour. This research has focussed
on developing an understanding of the mechanical behaviour of these steels during deformation.
The main findings of the research can be categorised into three areas: (i) texture evolution and
the micromechanics of deformation twinning during quasi -static loading, (ii) deformation be-
haviour during dynamic loading and (iii) strengthening mechanisms and the influence of initial
grain size on deformation twinning.
Texture evolution and the micromechanics of twinning during deformation was investigated
using in-situ X-ray synchrotron diffraction loading experiments. During deformation the texture
evolved from a random to a distinct texture from the earliest stages of loading. A definite
four fold symmetry was observed in the deformation textures with the {111} and {200} RD
components displaying the strongest texture strength.
The evolution of lattice strain and peak widths during deformation was also investigated using
synchrotron diffraction. The lattice strain response of the material exhibited unusual deviations
below the macroscopic yield point of the material. These deviations were also observed beyond
the yield stress. The lattice strain behaviour of the TWIP steel was compared to that of a
similar grain size 304 austenitic stainless steel. The stainless steel did not display any unusual
deviations. Similar deviations to that of the lattice strains were also identified in the the peak
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width and intensity evolution. It was concluded that these were not artefacts, but were due to
deformation twinning. The observation of lattice strain deviations below the macroscopic yield
point also indicated that twinning activity occurs before macroscopic yielding. Ex-situ cyclic
tensile testing of the material reinforced this hypothesis. The testing revealed the accumulation
of permanent strain with each tensile cycle. Furthermore, post deformation microscopy revealed
the presence of very fine deformation twins.
The stress-strain, texture and lattice strain evolution was successfully modelled using an Elasto-
plastic Self Consistent (EPSC) model. This enabled the in-situ diffraction experimental ob-
servations to be augmented. The model reproduced the deformation texture and stress-strain
behaviour successfully, although, the texture index predicted by the model was consistently
higher than the experimental texture index. This is a common problem associated with self-
consistent and Taylor type texture models. Overall, the model was able to simulate the observed
texture components well. However, the model was not able to fully replicate the experimental
lattice strain observations. This was attributed to the models inability to accommodate suffi-
cient relaxation due to twinning and the inability to model twin activity below the macroscopic
yield stress of the material.
The deformation behaviour of the material under dynamic loading conditions was of particular
interest during this study. This was investigated using Hopkinson pressure bar and blast testing.
The tensile strength exhibited a distinct positive strain rate sensitivity, while a weak strain
rate influence on the failure strain was observed. The increase in strength was attributed to
dislocation drag effects becoming dominant at the higher strain rates. Deformation twinning
was found to be less profuse in the material tested at higher strain rates. It was concluded that
this was due to adiabatic heating resulting in a local increase in the stacking fault energy. Thus,
making twinning more difficult. Fewer active twin systems were also found in the material
subjected to high rate testing compared to those tested below 1000 s−1. Analysis of the the
intergranular misorientations using electron backscatter diffraction (EBSD) revealed a larger
misorientation existing in the material tested at lower strain rates, thus, indicating the presence
of larger dislocation densities. Finally, the material exhibited considerable blast resistance.
Avenues for increasing the tensile strength of the material was investigated using a process
of cold rolling and annealing in order to obtain a range of grain sizes. The strain hardening
behaviour was found to be influenced by the grain size. An additional hardening stage was
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observed for the fine grained material. It was concluded that this was due to the formation of
thinner twins in the fine grain material. The concept of sub-yield twinning predicted from in-
situ X-ray synchrotron diffraction investigations was used to predict the influence of grain size
on the twin initiation stress. A range of cyclic tensile tests were conducted for each grain size
material. The accumulated strain per cycle was then used to calculate the twin nucleation stress.
The critical twin stress at the single crystal limit was determined to be 50 MPa. In addition, a
larger amount of strain was accumulated per cycle for the coarser grain material compared to
the fine grain. It was concluded using microscopy that this was due to the existence of broader
deformation twins in the coarse grain material compared to relatively thinner twins observed in
the fine grain. Finally, a larger fraction of stacking faults were found to exist in the coarse grain
material. This reinforced the suggestion that twin nucleation occurs at a lower stress in coarse
grain material because a larger number of twin nuclei, i.e. stacking faults, are present.
Finally, the aim of evaluating the materials suitability for armour applications has been achieved.
Investigations have shown that the TWIP steel maintains good mechanical properties during
high strain rate deformation including blast testing. Therefore, it can be concluded that based
solely on mechanical properties TWIP steels would be ideal candidate materials to be employed
within armour protection systems.
6.1 Suggestions for Further Research
The EPSC model used in this work has shown effectiveness in simulating the tensile behaviour
and texture evolution during deformation. However, the model was not able to fully simulate the
lattice strain evolution. Therefore, it would be beneficial to model the lattice strain behaviour
accurately in addition to the bulk tensile and texture response. This would further reinforce the
fidelity of the model.
As the EPSC code evolves the influence of twinning on deformation behaviour will have a greater
emphasis on the code architecture. Wollmershauser et al. [177] have developed a non-linear
kinematic hardening rule based on a Voce´ type relationship. This enables the model to account
for dislocation structure such as pile ups in addition to hardening effects due to forest dislocations
etc. Favier et al. [178] have reported on the importance of considering the contributions of both
slip and twinning to inelastic strain and grain rotation, the additional hardening due to twinning
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and the redistribution of stress within a grain due to the presence of a twin. Therefore, the
development of a code which can factor the aforementioned considerations is required. Twinning
and slip are competitive deformation mechanisms depending on the temperature. Consequently,
a model that can simulate temperature dependence would allow the high strain rate behaviour
of the material to also be investigated. This would enable properties such as the evolution of
texture, twin activity and twin volume fraction to be understood in situations where in-situ
investigations may not be feasible.
The development of a higher strength TWIP steels has scope for further research. The influence
of elements that promote precipitation strengthening such as Ti, V etc. can be investigated. In
addition, the introduction of N to the alloy chemistry permits further research.
The blast testing conducted in this study was not instrumented. Thus, an approximation for
the deformation strain was made using the reduction in the plate thickness of the material.
However, it would be beneficial to instrument the blast testing. Techniques such as digital
image correlation (DIC) would be ideal for these dynamic loading conditions. In addition, the
analysis of the deformation microstructures subjected to high strain rate testing was conducted
using high resolution transmission electron microscopy (HRTEM). The phase contrast imaging
method used is sensitive to strain. Therefore, it is suggested that further work can be conducted
in addition to the microscopy presented in Chapter 4 using high resolution, high angle annular
dark field (HAADF) scanning transmission electron microscopy (STEM).
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Appendix A
Modelling Polycrystal Deformation
A.1 Introduction
The ability to model plastic deformation in polycrystalline materials has the been subject of
much research and interest in materials science. Modelling the interaction between the grains
and their surroundings while incorporating complex factors such as grain orientation with respect
to neighbouring grains, morphology of boundaries and the crystallographic orientation of the
grain are of great relevance. As a consequence of the need for such complex considerations, early
models were simplified to disregard grain to grain interplay, while assuming each grain interacts
with its surrounding in a perfect manner [179].
Physically-based modelling of polycrystals was pioneered by Sachs [180] in 1928 who made the
assumption of no grain to grain interaction as well as assuming all the grains in the model have
an equal stress. The presumption of constant plastic strain in the aggregate was proposed by
Taylor [181] in 1938, in this upper bound model all the grains are made to harbour the same
plastic strain equivalent to the macroscopically set strain. The simplifications made by Sachs
and Taylor prove too extreme and only provide an upper and lower bound representation of the
actual behaviour within the polycrystal.
To acknowledge for intergranular heterogeneities during elastic-plastic deformation, self-consistent
methods are utilised. The generation of this model is based on the elucidation of an ellipsoidal
inclusion, which represents the grain, enclosed in an infinite homogeneous equivalent medium
i.e. matrix, describing the polycrystalline aggregate. Kro¨ner [182] suggested such an approach
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in 1961 by proposing an elastic-plastic self consistent model for minor deformations of polycrys-
tals. Budiansky and Wu [183] independently suggested an analogous model, neglecting plastic
interplay between the inclusion and encompassing matrix. The important difference between
the later models compared to those proposed by Sachs and Taylor is that the stresses and strains
within individual grains are free to diverge from the average. Consequently taking into consid-
eration anisotropy in the orientation of the grains. However, even these improved models break
down as the degree of plastic strain rises.
An accurate approach for modelling polycrystalline deformation is provided by adopting an
elasto-plastic self consistent (EPSC) method. The basis of this model stems from the equivalent
inclusion approach first proposed by Eshelby [125] which details the behaviour of an elastically
anisotropic ellipsoidal inclusion in a homogeneous effective medium. This sustains deformation
due to an applied load. The crucial outcome of this approach is that the strain field inside the
ellipsoidal grain is constant and linearly associated to the externally applied strain.
A.2 Elasto-plastic Self Consistent Modelling
Elasto-plastic Self Consistent (EPSC) models make the assumption of considering the grain
as an ellipsoid, fixed inside a homogeneous effective medium (HEM), that has the immediate
characteristics of the average of the polycrystalline aggregate. Thus, stress or strain is not
appointed to an individual grain at the beginning of a calculation in EPSC models. Instead, the
boundary constraints, i.e. the ultimate stress-strain state in the bulk matrix and the applied
loading in the form of stress or strain additions, are defined. Consequently, a grain is thus
individually examined successively, with the fundamental condition being that the weighted
average of stress and strain rises for all the grains assimilates to the macroscopic stress-strain
rises in the aggregate.
To account for plastic interplay between the inclusion and neighbouring matrix, a generalised
incremental self consistent model for small elastic-plastic deformations was proposed by Hill [184]
in 1965, which Hutchinson [126] then implemented to simulate polycrystalline deformations in
1970. The single crystal plasticity model derived by Hill is now used in the majority of EPSC
models, which considers that plastic deformation occurs within the ellipsoidal grains. Thus,
relying on the direction and magnitude of the external loads, the stiffness of each grain is
A.2. Elasto-plastic Self Consistent Modelling 149
modified.
The arrival of experimental methods, such as synchrotron diffraction, has shifted the emphasis
from using EPSC models to predict bulk properties such as macroscopic stress-strain reaction,
to measuring microscopic properties, such as lattice strain. Yan et al. [124] have implemented
an EPSC model to compare lattice strain changes of a TWIP steel subjected to tensile loading,
to X-ray synchrotron data. However, it is important to note that the authors did not model
the role of twinning in the code. The model used by Yan et al. [124] was based on two largely
successful and recognised EPSC models i.e. those produced by Tome´ and Turner [128], and
Clausen and Lorentzen [185].
The key aspect of EPSC models is that the weighted average of the stress and strain of the
total number of grains is the weighted average of the aggregate material, i.e. the material reacts
as a sum of all its individual parts. To fully consider any anisotropic properties, a model for
plastic deformation must be constructed using tensors, which is inevitably the case for EPSC
models. The overriding assumption in an EPSC model is that the grains of the polycrystalline
aggregate are defined as ellipsoidal inclusions enclosed in a HEM. Almost certainly, the material
is exposed to a constant external stress or strain. Consequently, Hooke’s law is taken as the
integral relationship for the elastic regime in EPSC models. This is then protracted to the elasto-
plastic regime by asserting it as a rate, and bringing in an instantaneous stiffness, Cijkl which
connects the stress rise, σ˙ij and the strain rise, ˙ij . Thus, one can construct the fundamental
equation for the bulk
σ˙ij = Cijkl ˙kl (A.1)
A superscript c can then be added to Equation A.1, to denote a grain or single crystal quantity.
Thus, the fundamental relationship for every ellipsoidal grain is
σ˙cij = C
c
ijkl ˙
c
kl (A.2)
Eshelby [125] illustrated that the stress and elastic strain in individual grains is uniform and
related in a linear manner to the external stress and strain, so that
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˙cij = A
c
ijkl ˙kl (A.3)
Furthermore, Hill [186] showed that
Acmnrs =
(
Ccijrs + C
∗
ijrs
)−1 (
Cmnij + C
∗
mnij
)
(A.4)
where C∗ijkl is the effective stiffness. This is connected to the Eshelby tensor, E ijkl by
C∗ijkl = Cijmn (Emnkl − Imnkl) (A.5)
The Eshelby tensor, Emnkl is in essence reliant on the geometry of the ellipsoidal grain. Hence,
every grain will have the same value from the Eshelby tensor, provided that they have the
same geometry. To enable an expression to be generated for the bulk material, an averaging
scheme [108] must be applied to Equation A.3. Thus, the volume average of a tensorial quantity,
Tij can be defined as
〈Tij〉 = 1
V
∫
V
TijdV (A.6)
However, if the tensorial quantity is constant throughout the grain, then Equation A.6 can be
simplified to represent the summation over each grain c [108]
〈Tij〉 =
∑
c
T cijw
c (A.7)
where wc = V c/V is the volume fraction affiliated with an individual grain. Alternatively, this
can also be considered as a ‘weight’. It can then be exhibited that the averages of the grain
stress and strain tensors are equivalent to the bulk stress and strain tensors [186]
σ˙ij =
〈
σ˙cij
〉
˙ij =
〈
˙cij
〉
(A.8)
A relationship for the bulk self-consistent stiffness can finally be obtained by combining Equa-
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tion A.8 with Equations A.1, A.2 and A.3
Cijkl =
〈
CcijmnA
c
mnkl
〉
(A.9)
This is the fundamental equation, which is calculated in the EPSC model. The relationship is
non-linear and implicit since C∗ijkl (in A
c
ijkl) relies on Cijkl, which is unknown. Consequently,
Equation A.9 has to be solved iteratively by initially estimating Cijkl. This is then substituted
into the right hand side of the equation in order to generate a new value for Cijkl. The new
value is once again inserted into the right hand side and the calculation persists. This iterative
process proceeds until the discrepancy between the old and new Cijkl values coincides to zero
or is within a pre-specified range.
The self-consistent stiffness can be used to calculate numerous macroscopic properties such
as Young’s modulus. Furthermore, other applicable theory of single crystal plasticity can be
integrated into the computation of Ccijkl. A schematic representation of the key steps involved
in an EPSC model is shown in Figure A.1.
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Figure A.1: (a) Key calculations in an EPSC model and (b) schematic of Eshelby based model, with
an embedded ellipsoidal inclusion in a HEM, under a macroscopic applied strain.
A.2.1 The Eshelby Inclusion and Eshelby Tensor
A fundamental concept in EPSC models is Eshelby’s finding that the strain field existing in-
side a grain is constant and related linearly to the applied strain. Therefore, a summative
understanding of Eshelby’s results and derivation is needed [125].
Let us contemplate a free body with zero externally enforced forces subjected to a given stress
free transformation, ∗ij , a second rank symmetric tensor, known as an eigenstrain. Thus, in
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engineering concepts, strain distributions which can arise due to residual strain and thermal
expansion can be placed under the category of eigenstrain. Thus, one can regard the total strain
in a system as the total of the elastic strain, ij and eigenstrain, 
∗
ij
ij = eij + 
∗
ij (A.10)
Furthermore, the total strain may also be defined as
ij =
1
2
(ui,j + uj,i) (A.11)
where ui is displacement and ui,j =
∂ui
∂xi
. The strain can then be related to stress, σij via Hooke’s
law
σij = Cijkl ekl = Cijkl(kl − ∗kl) (A.12)
or
σij = Cijkl(uk,l − ∗kl) (A.13)
where Cijkl is the fourth rank elastic moduli tensor. This parameter is constant and possesses
symmetry, i.e. Cijkl = Cjikl = Cijlk = Clkji. Equation A.13 can subsequently be substituted
into the equilibrium condition
σij,j = 0 (A.14)
This then leads to
Cijkl uk,lj = Cijkl 
∗
kl,j (A.15)
The above relationship is the integral elastic field relationship, which needs to be solved for a
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given ∗ij .
Greens’s Function Methods
Green’s function is an elementary kernel that can be employed to resolve an inhomogeneous
differential expression with boundary limits. Therefore, Equation A.15 can be solved by em-
ploying Green’s functions. Thus, the elastic Green’s function for a limitless medium, Gij(x−x′)
is described as the part of the displacement vector in the xi direction at a point, x . This is
caused by a unit force exerted in the direction xj , acting at a point, x
′. Thus the answer for
Hooke’s law and the stress equilibrium condition
σij,j = −fi(x) (A.16)
is given by
ui(x) =
∫
V
Gij(x− x′)fj(x′)dx′ (A.17)
where fi(x ) are volumetric forces working on a section of the solid being analysed. The volumetric
forces can thus be described as
fi(x
′) = −Cijkl∗kl,j (A.18)
exchanging this into Equation A.17 results in
ui,j(x) = −Crsmn
∫
V
Gir,j(x− x′)∗mn,sdx′ (A.19)
Partial integration and utilising Gauss’ theory results in a common answer for Equation A.15,
that illustrates the internal displacements inferred by a random transformation strain, ∗ij(x
′),
in a homogeneous elastic medium with stiffness, Cijkl
ui,j(x) = −Crsmn
∫
V
Gir,js(x− x′)∗mndx′ (A.20)
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The Eshelby Inclusion
Consider ∗ij is constant inside an ellipsoidal zone and zero externally. A consequence of this
is that, ui,j evolves into a linear function of 
∗
ij and the integral in Equation A.20 is free of
x [125]. This allows one to write ui,j as a tensor product, which in turn is comparitively simple
to integrate and is utilised frequently in EPSC modelling. Therefore
ui,k = Γijkl Cklmn 
∗
mn (A.21)
where
Γijkl =
1
4pi
∫ pi
0
sin θ dθ
∫ 2pi
0
γijkl dθ (A.22)
this is non-symmetric, which in turn means
γijkl = K
−1
ij (ξ) ξk ξl (A.23)
with
Kik = Cijkl ξj ξl (A.24)
where ξi is a vector that is related to the principal axes of the ellipsoid region that is being
integrated, consequently the components are obtained through the following:
ξ1 =
sin θ cosφ
a1
ξ2 =
sin θ sinφ
a2
ξ3 =
cos θ
a3
(A.25)
where θ and φ are spherical coordinates and ai are half the lengths of the fundamental axes of
the ellipsoid.
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A.2.2 Single Crystal Plasticity and Hardening
It is possible for one to include a suitable single crystal plasticity model into the calculation
of Ccijkl, during every increment of the loading process. This was initially applied by Hutchin-
son [126] using the single crystal plasticity theory proposed by Hill [184; 186]. Since, we will
now consider solely single crystal aggregates, the superscript c will be removed.
Let σij represent the stress within a single crystal; if n
s
i is a unit vector normal to a plane of
the sth slip system and bsi is a unit vector equidistant to the direction of slip, the resolved shear
stress τ s on the system will be
1
2
σij
(
bsin
s
j + b
s
jn
s
i
) ≡ σijmsij (A.26)
where msij is the Schmid tensor. During the following, upper indices denote slip systems and zero
addition is considered over these indices except that declared. The lower indices are coordinate
system labels. Thus, the plastic strain rate in the crystal can be elucidated as the total of the
shear rate, γ˙s contributions from all the active slip systems, s, i.e.
˙
(plastic)
ij =
∑
s
γ˙smsij (A.27)
The immediate yield stress of the ith slip system is designated by τ i. During deformation, the
rate at which the yield stress changes is connected to the shear rate by the following relation-
ship [186]:
τ˙ s =
∑
t
hstγ˙t (A.28)
where hst represents the instantaneous hardening coefficients.
Plastic deformation can only take place when the resolved shear stress within the crystal is
equivalent to the critical resolved shear stress
σijm
s
ij = τ
s (A.29)
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If we differentiate Equation A.26 with respect to time and utilising Equation A.28, it is possible
to determine whether the system is under tension or compression depending on the magnitude
of γ˙, i.e. the shear strain rate. Thus the system is in compression (load) or tension (unload),
correspondingly in accordance to the following conditions:
σ˙ijm
s
ij = τ˙
s with γ˙s ≥ 0 (A.30)
σ˙ijm
s
ij < τ˙
s with γ˙s = 0 (A.31)
while the system will be inactive when
σijm
s
ij < τ
s and then γ˙s = 0 (A.32)
The complete strain rate in a single crystal can be expressed as the total of the elastic and
plastic sections
˙ij = Sij σ˙ij +
∑
s
γ˙smsij (A.33)
Thus, if we substitute for the plastic strain rate, i.e. Equation A.27
˙ij = Sij σ˙ij + ˙(plastic)ij (A.34)
˙ij − ˙(plastic)ij = Sij σ˙ij (A.35)
where Sijkl is the single crystal elastic compliance.
Thus, the above expression can be rearranged and inverted to provide an expression for the
complete stress within the crystal as a function of the single crystal elastic stiffness, Cijkl (=S−1ijkl)
σ˙ij = Cijkl
(
˙kl − ˙(plastic)kl
)
(A.36)
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A minimum of one group of shear rates are available, that can satisfy the expressions obtained in
Equations A.27 – A.36 for a given stress or strain rate. If there are N non-zero γ˙ s, the equation
above can be grouped with Equations A.27 and A.28 to provide the following expressions that
are affiliated with slip systems being loaded
∑
t
(
mtklCijklmsij + hst
)
γ˙t = msijCijkl˙kl (A.37)
assuming that γ˙i ≥ 0, the following definition can be made:
Xst ≡ mtklCijklmsij + hst (A.38)
where Xst is a square matrix. The dimension of this matrix is equal to the quantity of slip
systems that are active. Thus, the matrix will not be singular for specific hardening relationships
only. Although, one can select a minimum of one set of linearly autonomous slip systems from
those that are active, thus making the matrix non-singular. This will also satisfy Equations A.30
and A.31.
Now, one has the essential requirement that for crystallographic plastic slip to take place, the
term Xst must be invertible. This can be denoted as Y st and Equation A.37 can be reordered
to obtain the set of strain rates affiliated with each loading slip system
γ˙t =
∑
s
(
Y stmsijCijkl
)
˙kl (A.39)
this can be simplified by defining the tensor f tkl,
f tkl ≡
∑
s
(
Y stmsijCijkl
)
(A.40)
thus, leading to
γ˙t = f tkl˙kl (A.41)
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Finally, utilising the fundamental relationship in the EPSC model (Equation A.1) and its inverse,
along with Equations A.36 and A.41, the stiffness of any given grain can be derived
Cijkl = Cijmn
(
Imnkl −
∑
s
msmnf
s
kl
)
(A.42)
here Imnkl is a fourth rank tensor. Futhermore, the above equation will be reduced to Cijkl = Cijkl
when there is no plastic deformation.
Hardening
The critical resolved shear stress (CRSS) for slip may be subject to change during deformation.
Therefore, this can be considered by the incorporation of a hardening term within the model.
The EPSC code utilises a Voce´ hardening model to govern the development of the CRSSs by
considering the shear strain accumulated within each grain, Γ. This is achieved by modifying
Equation A.28, so that
τ˙ scrit =
∑
t
dτˆ s
dΓ
hstγ˙t (A.43)
where
τˆ = τ0 + (τ1 + θ1Γ )
(
1− exp−
(
θ0Γ
τ1
))
(A.44)
τ and θ are parameters that are used during the fitting of the data. These terms are estimated
by considering the experimental stress-strain curve of the material, Figure A.2.
A.2.3 Modelling Twinning
EPSC polycrystal models have usually accounted for elastic effects in materials that exhibit
mechanical twins. However, these models could not account for twin activation, twin reorien-
tation (with the corresponding texture changes) and the particular stress relaxation affiliated
with twinning, compared to slip [129]. Clausen et al. [129] developed a fresh twinning model for
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Figure A.2: Schematic representation of the Voce´ hardening parameters.
the EPSC code to address these limitations in 2008, in order to investigate stress relaxation and
reorientation due to twinning in magnesium. A summative explanation of the twinning scheme
developed will now follow.
Clausen represented the polycrystal as a group of crystal orientations with volume fractions
selected to reproduce the original texture of the material. The properties and macroscopic
reaction of the HEM is then computed through weighted averages over the total number of
grains. Thus, the cumulative constitutive reaction of the grain is given by
σ˙ij = Cijkl
(
˙kl −
∑
s
msij γ˙
s
)
(A.45)
where σ˙ij is the stress rise, C ijkl is the fourth rank elastic stiffness tensor, ˙kl is the complete
strain rise and msij is the Schmid tensor, which determines the shear strain increment, γ˙
s pro-
vided by the slip or twinning system, s. The new twinning scheme developed utilises the same
requirement for twin initiation as that required for slip, i.e. a Schmid law, which needs the
resolved shear stress acting on the twin or slip plane in the slip or twin direction to surpass a
critical value, τ s
τ s = msijσij (A.46)
The resolved shear stress also has to dwell at the critical value during an entire straining cycle
while the material strain hardens
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τ˙ s = msij σ˙ij (A.47)
The model does not account for twin nucleation as it can usually be assumed that this takes
place through stress concentration mechanisms, but the model does incorporate a protracted
Voce´ hardening law for the development of τ s with total amassed plastic strain within the grain,
Γ, i.e. Equation A.44.
To this point Clausen’s model follows the original implementation by Tome´ and Turner [128].
However, the code is further extended to consider twin activation and consequent stress relax-
ation. The model implements the notion that a new ‘child’ grain is produced when a twin system
is activated within the initial ‘parent’ grain. Thus, the orientation of the new grains can be as-
certained from the crystallographic relationship between the parent and twin. Furthermore, it is
possible for the parent grains to have numerous twin ‘children’ for every activated twin system,
these twins are allowed to broaden and thus some volume fraction is moved from the parent to
the child, while preserving the overall volume fraction. Consequently the rise in the twin volume
fraction, w˙t for every twin, t is obtained by
w˙t =
γ˙t
St
(A.48)
where γ˙t is the shear rise provided by the twin system, t of the parent grain and S t is the typical
twin shear. Thus the change in parent volume fraction, w˙parent is obtained from the total over
all active twin systems
w˙parent = −
∑
t
w˙t (A.49)
The macroscopic stresses are amended in accordance to the self-consistency and strain hardening
conditions. This means that the complete stress and strain rises given by Equation A.8 are
adjusted because the weights of the grains are different and new grains are imported at the
cessation of every step. This leads to an accumulation of errors. To avoid this, the macroscopic
values are refreshed utilising recalculated averages over the grains after volume fractions are
amended in accordance to Equations A.48 and A.49. Since the newly produced twins are
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introduced into the calculations with non-zero weights, an early stress and strain state needs to
be prescribed.
The initial stress and elastic strain states within the twins is estimated by applying presumptions
for tractions and displacements over the twin boundary. If one considers a local coordinate
system with axis 1 defined along the shear direction of the twin system and axis 3 along the twin
plane normal i.e. with axes 1 and 2 within the twin plane, the following continuity conditions
are applied for elastic strain conditions across the twin plane
el,parent11 = 
el,twin
11 , 
el,parent
22 = 
el,twin
22 and 
el,parent
12 = 
el,twin
12 (A.50)
and stress components
σparent33 = σ
twin
33 , σ
parent
23 = σ
twin
23 and σ
parent
13 = σ
twin
13 (A.51)
This implies that two assumptions are made, i.e. the elastic strains in the twin plane are
compatible to the matrix and the stresses operating on the twinning plane are equivalent along
the boundary. Assuming that the elastic stiffness tensor of the twin is valid, it is achievable to
compute the abiding six stress and elastic strain components inside the twin grain.
The conditions required for twin creation are not well understood, but the earliest part of growth
is considered to be similar to that of a crack [129]. In the EPSC twinning scheme, an assumption
of the twin size at nucleation is assumed, hence the method is known as the finite initial fraction
(FIF) method. Accepting that the twin nucleates and propagates to a fixed volume fraction, f 0,
of its parent grain is essentially fixing the initial plastic shear for the twin system. Thus plastic
shear is connected to the fixed volume change via Equation A.48:
γ0 = f0St (A.52)
Surplus plastic shear creates a back-stress amongst the parent and twin as a result of constraint
of the neighbouring polycrystal. Thus, the back-stress can be estimated by presuming that the
appointed plastic shear strain produces an equal and opposite elastic shear strain
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0,tij = −mtklγ0 (A.53)
where 0,tij is the elastic back-strain in global coordinates and m
t
kl is the Schmid tensor for the
twin system. Equation A.53 assumes the parent grain to be infinitely stiff compared to the twin
and thus not sustaining any plastic shear, compelling the twin to acquire equal and opposite
plastic strain. In reality, the twinned grain can sustain elastic or even elasto-plastic strain. Thus,
the stress relaxation computed, symbolises an upper bound approximation. Thus, if one accepts
this disadvantage, the back-stress is determined to be
σ0,tij = C
twin
ijkl 
0,t
kl (A.54)
where C twinijkl is the elastic stiffness tensor of the twin.
Finally, the stress relaxation of the parent grain is established by fixing the current stress with
the predicted back-stress weighted by the primary relative size of the twin, f 0
σparent =
σparent +
∑
t σ
0,tf0
1−∑t f0 (A.55)
where the summation is conducted over all the twin systems, t, which become instigated in the
present increment.
